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Abstract 

Transparent conductive oxides such as In2O3, SnO2, and ZnO are important 

materials for practical use in sustainable technologies: renewable energy production and 

energy saving technologies. In particular, doped SnO2 thin films have been widely used as 

transparent electrodes of photovoltaic cells (PVCs) because of their desirable characteristics, 

which include excellent transparent conductive properties, low material and production 

costs, durability against reducing ambient, and availability on a mass-production scale. A 

crucial challenge for this application is to widen the transparent windows of SnO2 films for 

next-generation PVCs that utilize the near-infrared (NIR) region of sunlight. In this study, I 

aimed to make clear the guiding principle of materials design for high mobility (H) SnO2 

films with low carrier density (ne) for transparency in the full ultraviolet-to-NIR spectrum 

of sunlight. I set the goal of this study to achieve a H value of 80 cm2V-1s-1 at  

ne = 1  1020 cm-3, which should yield free carrier absorption at 1400 nm less than 5%. I 

used pulsed laser deposition for film growth because of its suitability for exploratory 

studies. I first compared the transport properties of randomly oriented polycrystalline Ta-

doped SnO2 (TTO) films on glass substrates with those of epitaxial TTO films on Al2O3 

(0001) substrates. The polycrystalline TTO films yielded much lower H values than the 

epitaxial TTO films, suggesting that the high-angle grain boundary in polycrystalline films 

significantly suppresses H. On the basis of this result, I conceived the idea that the use of 

appropriate seed layers would realize epitaxial growth of SnO2 on glass substrates, and may 

enhance the H of SnO2 films. This idea was first tested by using materials that are 
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isostructural to SnO2, rutile TiO2 and NbO2, as the seed layers. Consequently, 10-nm-thick 

rutile TiO2 and NbO2 seed layers on glass substrates were found to promote (110)-preferred 

growth of TTO. Furthermore, the TTO films grown on the seed layers showed high H 

values of 66–68 cm2V-1s-1, which are comparable with those of the epitaxial TTO films on 

Al2O3 (0001) substrates. These results clearly demonstrate that the seed layer method is 

effective for achieving high H for SnO2 films. Then, I expanded material exploration for 

the seed layer from rutile oxides to binary oxides with several selection criteria: oriented 

growth, high crystallinity, large grain size, availability, and nontoxicity. As a result, I found 

that anatase TiO2 seed layers unexpectedly promote (100)-preferred growth of SnO2. 

Furthermore, optimized TTO films on the anatase TiO2 seed layers exhibited very high H 

values of 83 cm2V-1s-1 at ne = 2.7  1020 cm-3. Although this H value slightly exceeded the 

target value of 80 cm2V-1s-1, the ne was too high to obtain the target NIR transparency. In 

order to obtain SnO2 films with further reduced ne and potentially enhanced H, I took two 

approaches: dopant optimization, and the use of seed layers with complex composition. I 

explored several elements for a potential dopant that enhances not only ne, but also H. 

Consequently, I found that W-doped SnO2 (WTO) films exhibited slightly better H than 

TTO films. Finally, I extended material exploration for the seed layer of SnO2 from binary 

oxides to ternary oxides. Using rutile (Ti,Nb)O2 (TNO) solid solutions, I investigated the 

effects of lattice matching on the structure and transport properties of WTO films. The 

WTO films grown on heavily alloyed TNO seed layers showed (001)-oriented growth, 

which was probably realized by epitaxially stabilized (001) nuclei owing to a-axis matching 

of TNO to SnO2. The WTO films with (001)-oriented growth exhibited an overwhelmingly 
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high H value of 136 cm2V-1s-1 at ne = 1.4  1020 cm-3. This H value is 70% higher than the 

target value of 80 cm2V-1s-1, which suggests that high H values exceeding 80 cm2V-1s-1 

might be achieved for SnO2 films, even if they were fabricated in disadvantageous 

processes, such as low-temperature deposition and sputtering. As a consequence of very 

high H with reduced ne, the WTO films with low sheet resistances of approximately  

10 sq.-1 exhibited low absorptions of 3.5% at a wavelength of 1400 nm. These properties 

sufficiently meet the requirement for the electrodes of next-generation full-spectrum PVCs.  
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Chapter 1 General Introduction 

1.1 Introduction 

We are living in an age where a historical turning point has been reached. It is an 

age where sustainable technologies have overtaken mass consumption, as predicted by 

Alvin Toffler in "The Third Wave" more than 30 years ago. From that perspective, modern 

sustainable technologies can be even regarded as a 21th century steam engine or agriculture. 

In this study, I have developed an essential material for use in sustainable technologies. It is 

a new class of transparent conducting oxides (TCOs). More specifically, it is a TCO that 

can transmit the full ultraviolet-to-near-infrared (NIR) spectrum of sunlight. 

TCOs [1, 2, 3, 4, 5, 6] are degenerately doped wide-gap oxide semiconductors that 

exhibit both high electrical conductivity and transparency in the visible light region. Owing 

to those valuable properties, which are usually incompatible in a material, TCOs have been 

and will be essential for sustainable technologies [7]. For example, a TCO-based energy-

saving window coating, or low-emissivity glass, can reduce the amount of energy used to 

air condition a building. White light-emitting diodes using TCO electrodes are gradually 

replacing electric light bulbs, leading to dramatically reduced power consumption. The 

Nobel Prize in Physics for 2014 was awarded to I. Akasaki, H. Amano, and S. Nakamura 

“for the invention of efficient blue light-emitting diodes which has enabled bright and 

energy-saving white light sources". Flat-panel displays such as liquid crystal displays and 

plasma panels have already replaced CRT displays, which were heavy, bulky, and 
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consumed a large amount of energy. This innovation in display technology was impossible 

without the development of transparent electrodes that utilize TCOs. 

 TCOs play a critical role in not only reducing energy consumption, but also 

producing renewable energy. Photovoltaic cells (PVCs), or solar cells, are among the most 

important pieces of technology capable of producing renewable energy. PVCs offer access 

to a ubiquitous energy supply on the earth, unlike other renewable energy such as wind, 

geothermal, biomass, and hydropower. Furthermore, PVCs allow us to harvest energy from 

outer space. It is true that energy produced in space is currently limited to self-consumption, 

but it could be an infinite energy source if microwave power transmission from space to the 

earth were to be realized. Thus far, various studies have been carried out in order to obtain 

PVCs with better performance and/or more affordable cost. Because transparent electrodes 

using TCOs significantly influence both the performance and cost [8] of PVCs, TCOs play 

an important role in PVC technology. In fact, improved TCOs are frequently cited as the 

future technical challenges for PVCs in Roadmap PV2030+ [7] by the New Energy and 

Industrial Technology Development Organization. 

In this study, I successfully fabricated TCOs with improved NIR transparency. This 

development, which was even nominated as a long-term issue in PV2030+, will 

significantly contribute to improving the conversion efficiency of emerging full-spectrum 

PVCs: PVCs that utilize not only visible light but also the NIR region of sunlight. In the 

remainder of this chapter, a detailed background of this study is reviewed, followed by 

descriptions of strategy, aim, and the outline of this work.  
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1.2 Transparent Conductive Oxides 

In general, transparency and conductivity cannot coexist in a material. Typical 

transparent materials such as glass and plastic are insulators, whereas conducting materials 

like metals are nontransparent. However, contrary to this naive knowledge, both 

transparency and conductivity can be obtained in exceptional materials known as TCOs. 

TCOs are degenerately doped wide-gap oxides semiconductors such as SnO2, ZnO, and 

In2O3. Sn-doped In2O3 (indium tin oxide, ITO) has excellent properties among TCOs, and 

as a result has become very widely used in the industry. In fact, it is so widely used that 

ITO is sometimes regarded as a synonym for TCO. In addition to the three well-known 

compounds mentioned above, CdO, Ga2O3, and alloys of these materials have been 

investigated. To date, typical TCOs exclusively show n-type conduction. In spite of many 

efforts, practical p-type TCOs are yet to be discovered [9]; the conductivity of present p-

type TCOs is one or two orders of magnitude lower than that of n-type TCOs, and is 

therefore insufficient for many applications. Although various non-oxides such as nitride 

(Zn3N2 and GaN), graphene, and metal nanowires have been extensively studied, it might 

take a long time to apply these materials to devices. In this study, I focus on n-type TCOs. 

The mechanism behind the coexistence of transparency and conductivity in TCOs 

can be summarized as follows. Figure 1.1(a) shows the band structure of TCOs and their 

parent compounds, which are undoped wide-gap oxide semiconductors. The conduction 

band of TCOs and their parent compounds mainly consist of the s-orbital of cations, 

whereas the valence band is derived from the p-orbital of oxygen. The band gap, which is 

typically above 3 eV, is wide enough to prohibit visible-light absorption due to the 
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interband transition. Thus, in thin film form where the scattering of light is insignificant, 

the parent compounds of TCOs are transparent to visible light.  

In principle, the origin of transparency, namely the wide band gap, is unfavorable to 

electrical conductivity because thermal excitation of carriers at room temperature is nearly 

impossible. Indeed, “pure” parent compounds such as ZnO, SnO2, and Ga2O3 are highly 

resistive. However, the donor levels of certain dopants for these compounds can be set very 

close to the bottom of the conduction band, as shown in Fig. 1.1(b). Similar to typical 

elemental semiconductors such as Si and Ge, the shallow donor levels form an impurity 

band at low doping levels, which involve highly increased conductivity. As doping 

proceeds, the impurity band grows up and finally merges into the conduction band 

minimum, as shown in Fig. 1.1(c). Consequently, the Fermi level lies inside the conduction 

band, resulting in metallic conduction. Such heavily doped semiconductors with metallic 

conduction are called degenerate semiconductors. 

It should be noted that the interband transition yields no visible light absorption in 

the degenerately doped state and the undoped state. Strictly speaking, the photon energy for 

the interband transition even shifts to a slightly higher energy level because the endpoint of 

the transition is not the conduction band minimum, but the Fermi level. This phenomenon, 

which is known as the Burstein–Moss shift [10, 11], is very important for materials with a 

relatively narrow band gap, such as CdO. As far as interband absorption is concerned, the 

transparent nature of the parent compound survives even in the degenerately doped state.  

The transparency of TCOs is then determined by two components other than the 

interband absorption: ingap absorption and the optical response of the free carrier. The 

ingap absorption is rather difficult to analyze because its origin is often unknown.  
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Fig. 1.1. Schematic drawings of band structures of (a) undoped, (b) non-degenerately doped, and (c) degenerately 

doped wide-gap oxide semiconductors. 
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Fig. 1.2. Calculated reflectance at 800 nm as a function of carrier concentration assuming the Drude model [13]. 

(Copyright (1992) Chapman & Hall) 
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Fortunately, the intensity of ingap absorption is usually so weak that, in many cases, only 

the optical response of the free carrier is considered. 

The Drude model successfully reproduces the optical response of free carriers in 

solids such as metals and semiconductors. It is well established that the optical properties of 

TCOs can be explained by the Drude model as well [12]. In short, an electromagnetic wave 

whose energy is below a certain threshold value cannot penetrate into solids, resulting in 

perfect reflection. On the other hand, above the threshold energy, the solid transduces the 

light. The threshold value, which is called the plasma frequency (p), is determined by the 

carrier density (ne) of solids in the following formula, 

 

p
2 = (neq

2)/(m*o∞),                                                                                            (1-1) 

 

where q, m*, o, and ∞ are the electric charge, the effective mass of the electron, the 

permittivity of free space, and the high-frequency permittivity, respectively. Frequently, the 

wavelength at p, or plasma wavelength, 

 

p = 2c0/p,                                                                                                          (1-2) 

 

where c0 is the speed of light, is used to describe the optical properties of solids. From (1-1) 

and (1-2),p is inversely proportional to the square root of ne. Thus, p shifts to a shorter 

wavelength region with an increase in ne. The origin of the shiny appearance of metals, i.e., 

the mirror reflection of visible light, is a consequence of the short p below 400 nm due to 
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high ne (~1022 cm-3) of the metals. In order to achieve visible light transparency, p should 

be above 800 nm. This requirement limits ne values for TCOs. As shown in Fig. 1.2, 

Bellingham et al. [13] reported that the calculated limit for ITO and typical TCOs is 

approximately 2  1021 cm-3, which is one order of magnitude lower than that for typical 

metals. 

The (simple) Drude model predicts some unrealistic features, such as 100% 

reflection at the wavelength above p (Fig. 1.2), and no optical absorption. Considering 

dissipation, which is the scattering of carriers, resolves the discrepancy with experimental 

data, leading to a successful quantitative analysis. The Lorenz oscillator model is used to 

include the dissipation term, where the relaxation time of carriers, opt, is the parameter. 

This model reproduces two characteristic features: smeared spectra and free carrier 

absorption (FCA). At p, rapid oscillations of the electron density, i.e., plasma oscillation 

occurs due to the nature of resonance. Thus, the dissipation is maximal at p, resulting in 

FCA with peak at p. As shown later, FCA leads to optical absorption in the visible light 

range, albeit p above 800 nm. 

It should be stressed here that opt is closely related to DC electrical properties. 

Resistivity () is written as 

 

1/ = qneH,                                                                                                           (1-3) 

 

where H is Hall mobility. From the Drude model for DC conductivity, H is written as 
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H = q/m*,                                                                                                             (1-4) 

 

where  is the relaxation time for DC current. The length scales for the two relaxation times 

are considerably different from each other. Surprisingly, opt deduced from optical spectra 

and  determined from transport measurements sometimes agree with each other, as shown 

in Fig. 1.3 [14, 15]. This phenomenon is frequently observed for TCOs with high ne values 

of approximately 1021 cm-3 [14, 15, 16, 17], indicating that intra-grain scattering, such as 

ionized impurity scattering, is a dominant factor for . On the other hand, TCOs with low ne 

values of approximately 1020 cm-3 generally show different behavior;  is shorter than opt. 

This is because inter-grain scattering, such as grain boundary scattering, significantly 

contributes to . A detailed description and formula for scattering in carrier transport in 

TCOs are given in appendix A. 

The dominant role of grain boundary scattering for H in TCOs with low ne has been 

frequently pointed out in many studies [6, 18]. The grain boundary scattering in 

polycrystalline semiconductors was successfully formulated by Seto in 1975 [19]. As 

shown in Fig. 1.4, in the model dangling bonds at grain boundary trap electrons or holes. 

Due to charge trapping, thin depletion layers are formed near the grain boundary. The 

charged grain boundary and the depletion layers result in the formation of a double 

Schottky barrier at the grain boundary. The barrier height increases with the increase in 

accumulated charge at the grain boundary, and thus shows the maximum at the doping 

concentration where the dangling-bonds are filled completely. Further increase in doping 

concentration reduces the barrier height due to the increase in the Fermi energy and thinned 
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depletion layers. Consequently, the Seto model predicts a dip structure in the ne-H plot, 

which has been experimentally observed in polycrystalline Si thin films. The position of the 

dip, or ne at which the minimum H value appears, reflects the trap density. Many 

researchers consider that the Seto model depicts (at least qualitatively) the physics behind 

the grain boundary scattering in TCOs, as well as the elemental semiconductors. The 

increase inH at the low ne region in the ne-H plot for TCOs is regarded as a recovery of H. 

This is due to enhanced screening of the fully charged grain boundaries with the increase in 

ne. 

Now we turn to the optical properties of TCOs again. As shown above, the optical 

properties of TCOs are closely related to the electrical properties. This means that two 

fundamental properties of TCOs, electrical and optical properties, cannot be tuned 

independently. As shown in Fig. 1.5, Coutts et al. simulated the optical spectra of TCOs 

with various electrical properties to visualize this issue [20]. Figure 1.5(a) clearly 

demonstrates that the transparent “window” of TCO, i.e., the transparent region of the 

spectra is determined by ne. In many applications (such as PVCs), absorption should be as 

low as possible in order to improve the efficiency of the application. For this purpose, it is 

better to set p as long as possible, as shown in Fig. 1.5(b). Because FCA is a consequence 

of dissipation due to scattering of carriers, increased H leads to reduced FCA. Although the 

simulation in Fig. 1.5(b) adopted some unrealistic H values, such as 500 cm2V-1s-1 and 

1000 cm2V-1s-1, the difference between FCA for 50 cm2V-1s-1 and 100 cm2V-1s-1 is clear. It 

should be noted that while both reduced ne and increased H are favorable for transparency, 

the former is unfavorable for conductivity. However, the increase in H is limited by  
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Fig. 1.3. Comparison between Hall mobility and optical mobility in (a) CVD B:ZnO films on glass substrates [14] 

(Copyright (2007) AIP Publishing LLC) and (b) PLD Nb:TiO2 films on SrTiO3 substrates [15]  (Copyright (2007) 

AIP Publishing LLC). 

 

Fig. 1.4. (a) Model for the crystal structure of polycrystalline Si films. (b) The charge distribution within the 

crystallite and at the grain boundary. (c) The energy band structure for polysilicon crystallites. (d) Room-

temperature hole Hall mobility vs doping concentration. The experimental result is plotted together with the 

theoretical solid curve. The broken line is data for single crystal Si [19] (Copyright (1975) AIP Publishing LLC).  
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intrinsic scattering, such as phonon scattering and ionized impurity scattering. In other 

words, no “best” TCO exists. Appropriate values for ne and H are chosen in order to satisfy 

the required electrical and optical properties for a specific application. The ne and H values 

targeted in this study will be presented later in this chapter. 

In actual applications,  is not a good quantity to evaluate the electrical performance 

of TCOs. Instead, sheet resistance,  

 

Rs =  /t,                                                                                                                 (1-5) 

 

where t is the film thickness, is used instead. Electrodes for PVCs transmit high current 

density and therefore require very low Rs in order to reduce losses due to joule heating. On 

the other hand, high Rs values are sufficient for some applications, such as antistatic 

coatings. 

 

1.3 Transparent Conductive Oxides in Photovoltaics Cells 

To date, several types of PVCs have been developed. Only exceptional PVCs where 

the active layer has a sufficiently low Rs value require no transparent electrodes; instead, 

metal comb electrodes are used for such PVCs. In general, the electrical and optical 

properties of TCOs are critical to the conversion efficiency of PVCs. For example, optical 

loss due to absorption of TCOs directly reduces short circuit current. Thus, absorption of 

TCOs should be as low as possible in the wavelength region where PVCs work. High Rs  



 

 - 20 - 

  

 

Fig. 1.5. Simulated free carrier absorption (a) with various ne at fixed H of 100 cm2V-1s-1 and film thickness of 500 

nm and (b) with various H at fixed ne of 5  1020 cm-3 [20] (Copyright (2000) Cambridge University Press). 

Table 1.1. Various TCOs employed in photovoltaics devices [21] (Copyright (2007) Cambridge University Press). 
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values in TCOs reduce the fill factor through an increase in series resistance. A very low Rs 

value of approximately 10 sq.-1 is required. In addition to the impact on the conversion 

efficiency, the cost for TCOs is rather high among the components of PVCs. For example, 

the cost of TCOs for dye-sensitized solar cells is estimated to be approximately 20% of the 

total production cost. Thus, improved TCOs with affordable cost are frequently cited as the 

future technical challenges for PVCs in Roadmap PV2030+. 

In contrast to exclusive use of ITO in flat panel displays, various TCOs have been 

employed in PVCs, as listed in Table 1.1. This is because there are additional critical 

properties aside from electrical and optical properties. For example, PVCs with a substrate-

type structure require TCOs with low process temperature because TCOs are deposited on 

the active layer. TCOs for thin-film silicon PVCs must endure the reductive atmosphere of 

atomic hydrogen, which is generated during the deposition of silicon. These types of 

requirements have led to the development of a variety of PVCs, which are listed in Table 1. 

The problem addressed in this work is related to the fundamental challenge of high 

conversion efficiency: the realization of full spectrum PVCs. The conversion efficiency of 

the single-junction PVC has an intrinsic limitation known as the Shockley–Queisser limit 

[22]. In short, single-junction PVCs only use sunlight with energy higher than the energy-

gap of the junction. Sunlight with longer wavelengths is discarded, resulting in the 

theoretical limit of a conversion efficiency of 33.7% for single junction PVCs. To 

overcome this limitation, multi-junction PVCs, or tandem solar cells, have been developed. 

In this structure, the low-energy sunlight unused by one junction is absorbed by the other 

junction. The low-energy sunlight is typically NIR light. Such PVCs have already been 
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commercialized as a-Si:H/c-Si:H tandem PVCs, although NIR light only up to 1100 nm is 

used. Thus, the path forward to improve conversion efficiency is to utilize NIR light with a 

longer wavelength. The ideal form of multi-junction PVCs would utilize the full range of 

the sunlight spectrum, and therefore would be called full-spectrum PVCs. However, TCOs 

that have been optimized for full spectrum PVCs, or TCOs with improved transparency in 

the NIR region, are under development as reviewed below. 

As stated in section 1.2, the first step is to consider the required Rs value and 

transparency, and to determine the targeted ne and H values. I have adopted the target 

values [23] set by the researchers of Asahi Glass Co., Ltd., which is the largest supplier of 

TCOs for thin film silicon solar cells. They considered that adding another junction of SiGe 

to a-Si:H/c-Si:H tandem PVCs would extend the optical response above 1100 nm to 

approximately 1400 nm. From optical simulation, they concluded that in order to reduce 

absorption to less than 5% at 1400 nm with Rs = 12 sq.-1, TCOs with high H values 

exceeding 80 cm2V-1s-1 at ne = 1  1020 cm-3 are required. I consider this estimation by the 

authoritative company to be both realistic and important for future large-scale use, and I 

have therefore regarded H = 80 cm2V-1s-1 as the milestone in this study. 

As early as the year 2000, Coutts et al. pointed out the importance of H for the 

optical properties of TCOs (Fig. 1.5). As described in section 1.2, a further decrease in  

without increasing optical absorption is possible only by increasing H. Coutts et al. 

explored such TCOs based on cadmium oxides like CdO and Cd2SnO4 [20]. However, 

cadmium oxides have two serious drawbacks: toxicity of Cd and narrow band-gap of CdO. 

In particular, the latter is a critical drawback to the PVC application. 
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Table 1.2. Deposition methods of impurity doped In2O3 with high H [25] (Copyright (2010) Elsevier). 
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Soon after the study by Coutts et al. was conducted, Meng et al. [24] reported high 

H values exceeding 80 cm2V-1s-1 in Mo-doped In2O3, deposited by thermal reactive 

evaporation. This finding triggered extensive exploration of dopants for high-H In2O3 

using various deposition methods, as listed in Table 1.2 [25]. Consequently, many elements 

other than Mo were found to effectively enhance H in In2O3. These elements included W, 

Ti, Zr, and H. Furthermore, sputtering, which is the industrial method used for the 

deposition of ITO, was used in some of the studies. In particular, H-doped In2O3 exhibits an 

excellent H value of 130 cm2V-1s-1, with a low process temperature of approximately 

200 °C [26, 27]. This unique feature makes it possible to deposit H-doped In2O3 on  

a-Si:H/c-Si heterojunction PVCs, resulting in the experimental demonstration of improved 

conversion efficiency by using NIR light [28]. 

At present, the mechanism behind improved H in In2O3 by using the specific 

dopants remains unclear. In 2010, Calnan et al. reviewed experimental reports on high-H 

In2O3 and proposed a hypothesis that the dopant elements with strong Lewis acid strength 

result in high H [25]. However, this speculation fails to explain the excellent H values 

obtained for H-doped In2O3. One possible explanation for this is the improved structural 

properties of H-doped In2O3, which were achieved by solid phase crystallization from 

amorphous precursors, with a significantly reduced population of crystalline nuclei [27]. 
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Fig. 1.6. (a) Optical properties of ITO and H-doped In2O3 and (b) external quantum efficiencies and reflectance of 

a-Si:H/c-Si heterojunction PVCs using ITO and H-doped In2O3 [28] (Copyright (2009) Elsevier). 

 

Fig. 1.7. Internal quantum efficiencies of a-Si:H/c-Si heterojunction PVCs [30] (Copyright (2011) Elsevier). 
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1.4 Search for High Mobility in SnO2 

As reviewed in the previous section, In2O3-based high-H TCOs have already been 

developed. Several pioneering studies have shown the improved conversion efficiencies by 

using such TCOs. Furthermore, in 2014, the Panasonic Corporation demonstrated a record 

conversion efficiency of 25.6%, which was 0.6% higher than the previous record of PERL 

cells in 1999 for Si-based PVCs in module scale [29]. Although detailed information on 

their PVCs is still closed, improved TCOs with NIR transparency (which I speculate to be 

In2O3-based) were listed as one of the major breakthroughs [30]. As shown in Fig. 1.7, the 

internal quantum efficiency spectra showed improved efficiency in the NIR region from 

1000–1200 nm. These studies [28, 30] clearly demonstrate that efficient use of NIR light is 

an effective method for improving conversion efficiency, and high-H TCOs are critical to 

such PVCs. 

Here it should be stressed that high-H TCOs using parent compounds other than 

In2O3 are highly desirable because of the following drawbacks of In2O3. One group of 

drawbacks is related to In2O3 itself; namely, indium is an expensive and scarce element. 

This would be a considerable drawback for large-scale use in the future. In addition, the 

possible toxicity of In2O3 [31] may lead to lung cancer in those exposed to the material. As 

a result, the use of indium compounds has been strictly regulated in Japan since 2013. The 

other group of drawbacks is related to the requirements for device fabrication. As discussed 

in section 1.3, TCOs for PVCs require various properties, in addition to specific electrical 
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and the optical properties. One serious issue is the degraded transparency of In2O3 due to 

the reductive atmosphere of atomic hydrogen during Si deposition [6]. 

In this study, I focus on SnO2-based TCOs, which are free from the drawbacks 

described above. SnO2 crystallizes into the rutile structure with lattice parameters of a = 

0.4738 nm and c = 0.3187 nm, as shown in Fig. 1.8(a). SnO6 octahedrons are linked with 

each other by corner- and edge-sharing along the a- and c-axis, respectively, as shown in 

Fig. 1.8(b). SnO2 can be found abundantly in mineral form (cassiterite) and therefore is 

inexpensive. As suggested by the unweathered facet surface of cassiterite shown in  

Fig. 1.8(c), SnO2 is chemically stable and exhibits excellent mechanical properties. In 

general, such properties are favorable for PVC applications because the fabrication process 

is often intense, and the lifetime of PVCs should be more than 10 years in the field. 

SnO2 is the second oldest TCO material and is one of the most widely used. Sb- or 

F-doping are typically used to enhance conductivity. In particular, F-doped SnO2 (FTO) 

grown by chemical vapor deposition (CVD) exhibits good electrical and optical properties. 

Large-area FTO-coated glass has been commercially available from companies such as 

Asahi Glass, where CVD apparatuses are built in mass-production lines of glass. Owing to 

its large-scale availability, FTO has been vastly used for low-emissivity glass and 

electrodes of thin-film silicon PVCs [2]. 

As discussed above, SnO2 has various characteristics suitable for PVC electrodes, 

such as low cost, durability against reducing ambient, and availability on a mass-production 

scale. Thus, SnO2 will be an ideal TCO for full spectrum PVCs, provided a high H value is 

able to be attained. The potential for high H in SnO2 thin films can be directly estimated  
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Fig. 1.8. (a) Crystal structure of SnO2. (b) Structure of SnO2 emphasizing edge-sharing along c-axis. (c) Photograph 

of mineral SnO2 (cassiterite) from Kaneuchi mine at Kyoto. 

 

Fig. 1.9. Temperature dependence of H for bulk single crystals of SnO2 with various ne [32] (Copyright (1970) AIP 

Publishing LLC). 
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from studies on bulk single crystals. Nearly half a century ago, several groups investigated 

the transport properties of SnO2 single crystals grown by the chemical vapor transport 

method [32, 33]. The observed H values at room temperature were in the range of  

150–260 cm2V-1s-1 [32, 34], which were dominated by phonon-scattering as shown in  

Fig. 1.9. Therefore, SnO2 thin films will exhibit high H values if thin films with equal 

quality to bulk single crystals are realized. In addition, cyclotron resonance measurements 

[35] on bulk single crystals provided experimentally determined m*. Table 1.3 shows a 

comparison of various basic physical properties for the parent compounds of TCOs and Si 

[36]. It should be noted that SnO2 has a slightly smaller m* than In2O3. This suggests that 

SnO2 films with sufficient quality might exhibit higher H than In2O3 films. 

Contrary to the expected high H values, no study on doped SnO2 films has reported 

high H values exceeding 80 cm2V-1s-1, despite a long history of available research on the 

material. Figure 1.10 shows a ne-H plot for typical SnO2 thin films [6]. Although an 

exceptional study reported H = 70 cm2V-1s-1 for an amorphous SnO2 thin film deposited by 

filtered vacuum arc deposition [37], no reproducibility for such high H in amorphous SnO2 

has been confirmed (see appendix C). Typical H values lie in the range of 10–40 cm2V-1s-1, 

which are far less than the targeted value of 80 cm2V-1s-1.  

A hint to improve H can be found in film-thickness dependence of transport 

properties of polycrystalline films. As shown in Fig. 1.11(a), it is widely observed that H 

increases with an increase in film thickness, frequently involving enlarged crystalline grains 

[38, 39, 40]. Very recently, Isshiki et al. [40] analyzed the film-thickness dependence of the 

transport properties of FTO films on the basis of two-layer model, as shown in Fig. 1.11(b).  
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Table 1.3. Basic properties of SnO2, In2O3, ZnO, and Si [36]. 

Properties SnO2 In2O3 ZnO Si 

Crystal structure tetragonal, 

rutile 

cubic, 

bixbyite 

hexagonal, 

wurtzite 

cubic, 

diamond 

Average amount of the metal 

in the earth’s crust (ppm) 

40 0.1 132 2.58  105 

Bad gap (eV) 3.6 (dir) 2.7 (indir) 

3.6 (dir) 

3.4 (dir) 1.12 (indir) 

4.18 (dir) 

Static dielectric constant //c: 9.6 

c: 13.5 

9 //c: 8.75 

c: 7.8 

11.9 

Effective electron mass  

m∗/me 

//c: 0.23 

c: 0.3 

0.35 0.28 0.337 

 

 

 

Fig. 1.10. H as a function of ne for amorphous or polycrystalline SnO2-based TCO films thus far reported [6]. Open 

circle is the target value in this study. 
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Surprisingly, they found that the topmost layer in a 1-m thick film with large grains is 

estimated to exhibit high H values exceeding 90 cm2V-1s-1, in spite of low H values  

(~10 cm2V-1s-1) of the initial layer. Thus, high-H SnO2 will be realized if one successfully 

develops a growth technique by which the quality of the topmost layer can be achieved in 

the initial stage of film growth. 

One possible method to obtain such films is to grow films epitaxially on single 

crystalline substrates. Although the epitaxial films are unsuitable for practical PVCs due 

to limited scalability and high cost of the substrates, the transport data on the epitaxial 

films provide us with a significant clue to the realization of high H. SnO2 thin films can 

be grown epitaxially on single crystalline substrates such as corundum Al2O3 and rutile 

TiO2 [41, 42, 43]. TiO2 is isostructural to SnO2, and therefore the epitaxial growth of SnO2 

films on TiO2 substrates is, in principle, possible in any orientation [43]. A drawback of 

TiO2 is large lattice-mismatch: 3.1% and 7.7% for a-axis and c-axis, respectively. In 

addition, the possible conductivity of TiO2 formed in a reducing ambient during film 

growth might make it difficult to obtain reliable transport properties of SnO2 thin films. 

On the other hand, Al2O3 is highly resistive and robust against a reducing ambient. 

Therefore, Al2O3 substrates are suitable for transport studies. A drawback of Al2O3 

substrates is its complicated epitaxy, owing to the difference in crystal structure. For 

example, (100)-oriented SnO2 thin films are grown on Al2O3 (0001) substrates with triple-

domain structure. 

To date, numerous studies reported epitaxial growth of SnO2 thin films on single 

crystalline substrates. However, transport properties were rarely reported in those studies. 
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Fig. 1.11. (a) Film thickness dependence of H (upper panel) and grain characteristics (lower panel) for FTO [39]. 

(b) Estimated transport properties of FTO based on two-layer model (upper panel) and corresponding cross 

sectional scanning electron microscope image (lower panel) [40] (Copyright (2009) Elsevier). 

 

Fig. 1.12. Room temperature H as a function of ne for undoped (open symbols) and doped (closed symbols) SnO2 

bulk single crystals [32] and epitaxial films [44,45,47,48,54,55]. Cross is the target value in this study. 
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Okude et al. [44] grew undoped SnO2 thin films on TiO2 (001) substrates, which exhibit 

the best lattice-match among TiO2 substrates with various orientations. The obtained H at 

room temperature was 38 cm2V-1s-1, which was significantly lower than those for bulk 

single crystalline SnO2. Zhen et al. [45] investigated the transport properties of undoped 

SnO2 thin films grown on TiO2 (110) substrates. The substrates were characterized by a 

high-quality surface with a step and terrace structure, albeit a relatively large lattice-

mismatch for this orientation. The maximum H values for the (110) SnO2 films was  

35 cm2V-1s-1, which was comparable with those for the (001) films. On the other hand, 

Tien et al. reported [46] that H values for (100) SnO2 films on Al2O3 (0001) substrates 

were less than 3 cm2V-1s-1. This value was one order of magnitude lower than those for 

(110) and (001) films on TiO2 substrates. A structural investigation on (100) SnO2 films 

on Al2O3 (0001) substrates revealed that the in-plane structure of the films was 

characterized by highly populated dislocations and domains, which would be accountable 

for significantly reduced H. 

The ne values in undoped SnO2 thin films are somewhat uncontrollable because 

electrons are released from unintentional defects such as interstitial cations, anion 

vacancies, and dislocations. This suggests that high ne values for undoped SnO2 thin films 

are incompatible with high crystallinity [45]. Instead of undoped films, intentionally 

doped epitaxial films, where controlled carrier-doping is possible, are preferable in order 

to obtain insight into realization of high H. However, studies conducted on doped 

epitaxial SnO2 films thus far are even fewer in number than those conducted on undoped 

SnO2 films. In 2008, Toyosaki et al. [47] investigated the dopant concentration 
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dependence of transport properties of Ta-doped SnO2 (TTO) thin films on TiO2 (110) 

substrates. The ne values for the TTO epitaxial films were systematically changed from 

1019 to 1021 cm-3 by Ta-doping. Similar systematic carrier doping was reported by Kim et 

al. [48] for TTO (100) films on Al2O3 (0001) substrates. Contrary to the naive expectation 

for high H, even doped epitaxial films showed a rather low H of 50 cm2V-1s-1 at best [47], 

as shown in Fig. 1.12. Moreover, an increase inH with the increase in ne in the low ne 

region in ne-H plot was observed [47, 48]. These results in combination with results 

obtained on undoped films suggest that grain boundary scattering plays an important role 

in carrier transport in epitaxial films as well as in polycrystalline films. One possible 

source of the grain boundary scattering is a small angle grain boundary due to island 

growth [44, 45, 48] and crystallographic shear plane (CSP) [49] induced by misfit 

dislocations [50].  

Here, it is significantly insightful to review the experimental status in epitaxial films 

of other typical wide gap oxide semiconductors, i.e. ZnO and In2O3. In sharp contrast to 

the rather poor H in SnO2 epitaxial films, both ZnO [51] and In2O3 [52] epitaxial films 

reportedly exhibit higher H values than bulk single crystals, as shown in Fig. 1.13. For 

example, self-buffered ZnO films grown on ScAlMgO4 (0001) substrates, which show a 

very small lattice mismatch of 0.09% to ZnO along the a-axis, exhibited a room 

temperature H of 440 cm2V-1s-1. This value was significantly higher than those for bulk 

single crystals of ZnO, 200–209 cm2V-1s-1. Similarly, In2O3 films grown on Y-stabilized 

ZrO2 substrates, which show a rather small lattice mismatch of 1.6% to In2O3, exhibited 

high H values that exceeded bulk values. As shown in Fig. 1.14, these high quality 
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Fig. 1.13. Room temperature H as a function of ne for (a) ZnO [51] (Copyright (2006) AIP Publishing LLC) and 

(b) In2O3 [52] (Copyright (2010) AIP Publishing LLC) epitaxial films. 

 

Fig. 1.14. Temperature dependence of ne (upper panels) and H (lower panels) for (a) ZnO [51] (Copyright (2006) 

AIP Publishing LLC) and (b) In2O3 [52] (Copyright (2010) AIP Publishing LLC) epitaxial films. 
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epitaxial films exhibited a strong negative coefficient in temperature dependence of H, 

indicating that the dominant scattering in these films is phonon. The keys to these 

successes include high purity initial materials, carefully selected growth parameters, and 

the use of lattice matched substrates. 

To overcome the unavailability of lattice-matched substrates for the epitaxial 

growth of SnO2, White et al. [53, 54] used a very thick self-buffer layer. They deposited 

undoped and Sb-doped SnO2 thin films on r-cut Al2O3 substrates by oxygen-plasma 

assisted molecular beam epitaxy. They first investigated the transport properties of 

undoped SnO2 thin films as a function of film thickness. As shown in Fig. 1.15(b), H and 

ne rapidly increased and decreased, respectively, with the increase in film thickness. Very 

low ne, as low as 3  1017 cm-3, which was one or two orders of magnitude lower than 

typical undoped SnO2 epitaxial films, was obtained. Such a low residual ne indicates that 

the films were of high quality with low defects. In addition, the H values of the films 

exceeded 100 cm2V-1s-1 at room temperatures. The change in transport properties became 

gradual above a film thickness of 500 nm, where the density of dislocations was greatly 

reduced, as seen in Fig. 1.15(a). Therefore, they used 500-nm-thick undoped SnO2 layers 

as the buffer layers for Sb-doped SnO2 films. Surprisingly, the use of the thick self-buffer 

layers dramatically improved the transport properties of Sb-doped SnO2 films, as shown in 

Fig. 1.15(c). First, the doping efficiency of Sb was approximately 100% in a wide doping 

range from 1  1018 to 3  1020 cm-3. This result suggests that various defects that trap or 

release carriers were significantly reduced because of the lattice-matched buffer layer. 

Second, the increase in H with the increase in ne in the low ne region was not observed  
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Fig. 1.15. (a) Cross sectional (upper panels) and plane view (lower panel) TEM images for a SnO2 film grown on r-

cut Al2O3 [53] (Copyright (2008) AIP Publishing LLC). (b) Film thickness dependence of room temperature 

transport properties of SnO2 films grown on r-cut Al2O3. (c) Sb concentration dependence of room temperature 

transport properties of Sb-doped SnO2 films grown on 500 nm-thick self-buffer layers. (d) Temperature dependence 

of the transport properties of the Sb-doped SnO2 films grown on 500 nm-thick self-buffer layers. [54] (Copyright 

(2009) AIP Publishing LLC). 
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probably for the first time in SnO2 thin films. Third, the negative coefficient in the 

temperature dependence of H was observed as shown in Fig. 1.15(d), indicating that 

phonon scattering is the dominant factor of H. Such behavior was observed only for bulk 

SnO2 single crystals (Fig. 1.9) and extremely high-quality thin films of ZnO and In2O3 

(Fig. 1.14). These features clearly demonstrate that lattice-matched epitaxial growth paves 

the way for high-H SnO2-based TCOs. A recent study has reinforced the importance of 

the self-buffer layer in the epitaxial growth of SnO2 [55]. However, it should be noted that 

the obtained H values, 50–60 cm2V-1s-1 around 1  1020 cm-3, were still lower than the 

target value of the present study, 80 cm2V-1s-1 at 1  1020 cm-3, as seen in Fig. 1.12. In 

addition, the deposition method and the substrates used in their study lack the scalability 

crucial for use in PVCs. Therefore, high-H SnO2-based TCOs on practical substrates by a 

deposition method scalable to industrial use still remain to be developed. 

 

1.5 Strategy of This Study: Finding a Breakthrough with Pulsed 

Laser Deposition 

Figure 1.16 shows the historical trend in reported  values for typical TCOs, namely 

ZnO, SnO2, and In2O3 [18, 56]. The decrease in  for SnO2 stopped in the 1980s, implying 

that the transport properties of SnO2 thin films have been completely investigated. 

Therefore, it appears that there is no room for improvement. A novel method is necessary 

to enhance our understanding of the transport properties of SnO2 thin films. 
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In this study, I have adopted pulsed laser deposition (PLD) to identify high H 

values in SnO2. Several advantages of PLD [57] enable us to explore high-H SnO2 

efficiently. First, the available range of deposition parameters in PLD is much wider than 

those of other techniques, such as sputtering and CVD. For example, very high substrate 

temperatures (over 1000 °C) have been frequently used in PLD. The growth atmosphere of 

PLD can be systematically changed from a highly reductive atmosphere (ultra-high 

vacuum) to an oxidative one. An ultra-high vacuum is usually incompatible with sputtering 

due to the presence of electric power and cooling water lines. In addition, PLD exhibits 

much better controllability of the deposition parameters than sputtering; the oxidative 

condition in sputtering changes very rapidly from metallic to oxide mode and the actual 

substrate temperature during sputtering is sometimes difficult to be defined due to 

unintentional substrate heating. In particular, the control of the oxidative condition during 

deposition is very important because it determines film growth and defect formation in 

TCOs. Second, various materials and compositions can be explored more easily with PLD 

than with other techniques. Homemade sintered ceramic pellets and metal pieces can be 

used as targets for PLD. The use of these materials is in sharp contrast to the commercial 

ceramic disc and special reagent that are respectively required for sputtering and CVD. In 

addition, it is generally believed that PLD exhibits a stoichiometric transfer of materials 

from targets to films, whereas the elemental dependence of sputtering yield occasionally 

results in compositional deviation of sputtered film from that of the target. These features 

make it possible to explore various dopants and seed layers efficiently by using PLD. Third, 

so-called combinatorial techniques such as temperature gradient and compositional spread 
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can be used for exploration with high throughput. I expected that exploration for high H 

values using PLD would end the 30-year stagnation period.  

It should be noted that PLD shares two important characteristics with sputtering, 

both of which critically determine film properties. One is the energy of deposition particles, 

which is in the range of 1–10 eV [57], and the other is growth mode. Both PLD and 

sputtering are physical vapor deposition (PVD) techniques. Non-equilibrium growth via an 

energetically unstable vapor phase leads to the formation of defects, a metastable phase, 

and the extension of the solubility limit of dopant. In particular, Sn is favorably in Sn2+ 

(SnO) in the vapor phase [45, 58] and therefore oxygen vacancies, which are difficult to 

form in bulk SnO2, tend to form in SnO2 films by PVD. Owing to the similarity in film 

growth between PLD and sputtering, the knowledge obtained in PLD studies can be 

frequently transferred to sputtering. For example, the practical fabrication method for Nb-

doped TiO2 [59] TCO films (solid phase crystallization) was first found in a PLD study 

[60] and was then demonstrated in a sputtering study [61]. Even large-area coating [62] and 

high rate deposition [63] were successfully achieved in sputtered Nb:TiO2, resulting in their 

application to electrodes in organic polymer PVCs [64]. As shown in Fig. 1.17, I witnessed 

and partly contributed to this dramatic development in Nb:TiO2 fabrication [60, 64, 65, 66, 

67, 68]. The difference of sputtering from PLD includes additional bombardments of high 

energy particles (recoiled Ar and negatively charged oxygen ions) and cosine-like angle of 

deposition particles. These are, however, insignificant in comparison with the large 

difference between highly non-equilibrium growth in PVD and nearly equilibrium growth 

in CVD.   
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Fig. 1.16. Reported  values for ZnO, In2O3, and SnO2 [18] (Copyright (2000) Cambridge University Press). 

 

Fig. 1.17. Photographs demonstrating an essential role of PLD in development of Nb:TiO2 TCO films. (a) 

Photograph of PLD deposition (upper photo). Nb:TiO2 were first discovered in a PLD study [59] of epitaxial films. 

More importantly, practical fabrication method (solid phase crystallization) was found as well in a PLD study [60]. 

The deposition is from point source and thus the resultant films (left in lower photo) were typically 5 × 5 mm2, 

which is much smaller than sputtered films (right in lower photo). (b) The material and the method found in PLD 

were successfully transferred to sputtering [61] where deposition is plane source (upper photo) and the result film 

was as large as 4 × 4 cm2 (lower photo). (c)  a 30 × 30 cm2 Nb:TiO2 film deposited by pulsed DC sputtering [62]. 
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For the use of PVCs, in which large area TCOs are indispensable, the potential 

compatibility of PLD with sputtering is very important because PLD is unsuitable for large 

area coating due to limited scalability. I believe that the findings obtained in this study will 

be eventually transferred to sputtering, paving the road for industrial fabrication of high H 

SnO2 for full spectrum PVCs. 

 

1.6 Aim of This Study 

In this study, I aimed to make clear the guiding principle of materials design for 

high-H SnO2 thin films suitable for full spectrum PVCs. The SnO2 thin films should 

transmit not only visible light, but also NIR light up to 1400 nm with sufficiently low Rs 

values. For large scale applications and mass production, the SnO2 films must be grown on 

glass substrates. A milestone value was set for H at 80 cm2V-1s-1. 

 

1.7 Outline of This Study 

This study is organized as follows. In chapter 2, experimental procedures such as 

film growth and characterization are presented. In chapter 3, the structural and transport 

properties of SnO2 epitaxial films are compared with those of SnO2 polycrystalline films, 

demonstrating that epitaxial growth increases the H value of SnO2. In chapter 4, epitaxial 
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growth using a seed-layer on glass is proposed for improving H, and is demonstrated by 

using rutile TiO2 and NbO2 seed layers. In chapter 5, the first instance of H exceeding  

80 cm2V-1s-1 in doped SnO2 films is reported by using a seed layer of anatase TiO2, which 

is not isostructural to SnO2. A detailed investigation of growth parameter dependence on 

the films is presented in chapter 6. In chapter 7, exploration of various dopants for 

improving H is summarized. In chapter 8, a rutile (Ti,Nb)O2 solid solution seed layer is 

finally proposed and demonstrated, resulting in an extremely high H value that exceeds 

130 cm2V-1s-1. In chapter 9, a summary of this study is presented and future prospects are 

discussed.   
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Chapter 2 Experimental Procedure 

The experimental procedure is presented in this chapter. Film growth in particular is 

described in detail because important factors for reliable and reproducible results may not 

be well known. On the other hand, the characterization of the films is briefly documented 

because the methods used in this study are rather basic, and there is a sufficient amount of 

information currently available in the literature [6]. 

 

2.1 Film Growth 

In this study, a commercially available PLD system (Pascal, PAC-LMBE) equipped 

with a KrF excimer laser (LAMBDA PHYSIK, COMPex 102) was used to grow thin films. 

The wavelength of the laser (248 nm) was sufficiently short to deposit not only SnO2, but 

also various materials including oxides and metals. The only one material that I failed to 

deposit was MgF2 with a bandgap of 11.8 eV. 

Figure 2.1(a) shows the actual outlook of the PLD system used in this study. The 

PLD system consisted of two vacuum chambers: the growth chamber and the load-lock 

chamber. The growth chamber was evacuated by a turbo molecular pump with a pumping 

speed of 800 l/s. The base pressure in the growth chamber after baking was approximately 

2  10-9 Torr. Typical base pressure before film growth in this study was approximately  

5  10-9 Torr due to routine deposition with high process pressure up to 1  10-1 Torr.  
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Fig. 2.1. (a) Photograph of outlook of PLD used in this study. (b) Photograph of the inside of growth chamber 

during deposition. (c) Photograph of “laser power monitor” option. (d) Schematic drawing of “laser power monitor” 

option. Laser is irradiated to targets if the mirror is retracted. During deposition, view port for power meter and the 

mirror are protected by shutters (not shown) from film deposition. On the other hand, laser is irradiated to the 

power meter if the mirror is inserted. Laser power measured by this option is free from loss due to unintentionally 

deposited films at the entrance view port. (e) Photograph of a substrate holder with four substrates mounted. Pt 

paste is painted at the center of the holder to measure temperature of the substrate holder by a pyrometer. 
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The base pressure was measured with an ion (Bayard–Alpert hot-cathode ionization) gauge, 

whereas the process pressure was measured with a capacitance diaphragm gauge. As 

process gas, high-purity oxygen (99.999%) was introduced into the growth chamber by 

using a variable leak valve. 

The substrate can be heated up to 800 °C by a halogen lamp. The substrate holders 

were made of Inconel 600. The substrate holders were initially heated to 900 °C in an 

ambient atmosphere to form oxidized layers, which efficiently absorbed the light of the 

halogen lamp. Substrate temperature is a crucial parameter that determines film-quality, 

although precise determination of the substrate temperature is sometimes difficult. In this 

study, the temperature of the holders was measured with a pyrometer and has been defined 

as “substrate temperature”. The substrates were thermally contacted with the substrate 

holders by silver pastes. Without the silver pastes, actual substrate temperature was > 

100 °C lower than that of the substrate holder, whereas the discrepancy was less than 30 °C 

when using thermal contact with silver paste. The substrate holders were rotated during 

film growth in order to obtain a homogeneous film thickness and composition. The distance 

between the substrate holder and the target in this study was fixed at 50 mm. A photograph 

taken during deposition is shown in Fig. 2.1(b) 

Precise control of the laser condition is indispensable in a systematic and 

reproducible study using PLD. Ohnishi et al. [69, 70, 71] pointed out that various 

parameters of the laser condition significantly affected film properties by using a specially 

designed PLD, as shown in Fig. 2.2(a). Most importantly, they pointed out that the actual 

laser power irradiated to targets is much less than the nominal power monitored outside the 

PLD chamber, and the power shows a continuous decrease as the deposition run number  
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Fig. 2.2. (a) Schematic drawing of PLD designed for in-situ measurement of laser power. (b) Transmittance of laser 

energy through the entrance view port of the vacuum chamber plotted as a function of deposition run number [69] 

(Copyright (2006) Elsevier). 

 

Fig. 2.3. Kinetic energy of Zn+ ion from ZnO target as a function of laser fluence [72] (Copyright (1998) Elsevier). 

 

Fig. 2.4. Photographs of typical homemade targets used in this study. 
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increases. This is because unintentionally deposited films on the entrance view port reduce 

laser power, as shown in Fig 2.2(b). Laser power and laser fluence are critical parameters 

that determine the threshold for deposition, the deposition rate, the energy of the deposition 

particles, and the composition of the plume (i.e., atom and ion species), as shown in  

Fig. 2.3 [72]. These characteristics significantly affect film growth. Therefore, keeping 

laser power and laser fluence constant is critically important in order to obtain films in a 

systematic and reproducible manner.  

Furthermore, Ohnishi et al. pointed out that the operating voltage of an excimer 

laser affects the energy profile of the beam, claiming that operating voltage should be fixed. 

In this study, the “laser power monitor” option (Fig. 2.1(c) and (d)), which was 

implemented by Prof. Hirose, has been attached to PLD. Furthermore, a variable attenuator 

was installed in the optical path (Fig. 2.1(a)) to adjust laser power without changing the 

operating voltage. Thanks to these apparatuses, I set the laser power and operating voltage 

at 20 mJ and 27.5 kV, respectively. The lens of the optical path was adjusted to yield the 

smallest spot area on the target. The laser fluence was 1–2 Jcm-2 due to the uncertainty 

associated with determining the spot area. The repetition rate of the laser was in the range 

of 2–5 Hz. 

The quality of the targets is an important factor determining quality and 

reproducibility of the films. For example, targets with a low sintered density occasionally 

yield unstable deposition in sputtering (arcing) and the formation of particles in PLD. Thus, 

special care should be taken to prepare targets. Using a commercial target is preferable 

because very high sintered density is often realized by a state-of-the-art method, such as hot 

isostatic pressing. For example, commercial ITO targets exhibit 99% sintered density, 
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which is among the key technologies that make ITO a practical material. However, 

homemade targets were mainly used in this study because exploratory studies inevitably 

require many targets. I created targets using the solid state reaction method. Photographs of 

typical targets are shown in Fig. 2.4. The starting powders were grinded and mixed by an 

agate mortar. The powders were pressed into pellets and then sintered for 12 h in air at 

1150 °C and 1350 °C for SnO2 and (Ti,Nb)O2, respectively. Because SnO2 is well-known 

for being difficult to densify, special care was taken. SnO2 powder with 99.9% purity 

(Sigma-Aldrich, 244651) was found to be suitable for PLD targets; however, the sintered 

density of the SnO2 targets made from the powder was low (approximately 55%). The 

surface of the targets after laser irradiation was smooth, similar to single crystalline targets. 

Consequently, particle-free films were obtained from the target. On the other hand, 99.99% 

pure SnO2 powder (Nilaco, SN-447100) yielded targets with lower sintered density. Such 

targets collapsed after laser irradiation; films from the targets were characterized by many 

particles and were not used in this study. The 99.9% purity SnO2 powder contained an Sb 

impurity of 0.01–0.02%, which might be the source of ne in the nominally undoped SnO2 

films obtained in this study. Prior to deposition, the surface of the targets were cleaned by 

laser irradiation, which is called “pre-ablation”, for 10 min at base pressure. 

The substrate used in this study was alkaline-free glass (Corning 1737 or corning 

Eagle XG). The strain point for the glass is approximately 670 °C, and thus we restrained 

substrate temperature to a maximum of 600 °C. For comparison, Al2O3 (0001) single 

crystalline substrate was used in chapter 3. The Al2O3 substrates were annealed in air at 

1000 °C for 3 h to obtain step and terrace surface. As shown in Fig. 2.1(e), four different 

substrates can be mounted on one substrate holder at a time. All of these substrates were cut 
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into 5 × 5 mm2 pieces and were then ultrasonically cleaned in acetone, followed by ethanol-

rinsing and N2-drying. Metal Ti shadow masks were employed to fabricate Hall-bar shape 

films for transport measurements. 

 

2.2 Characterization 

Film thickness was measured with a stylus profiler (Veeco, Dektak 6M). At least six 

points per a sample were measured and the averaged value was defined as the film 

thickness. Due to a thickness gradient caused by the point-source nature of PLD, a 10% 

maximum deviation in thickness for a film, which determined the accuracy of the  and ne 

values, was observed. However, Rs and H, which are more important than  and ne in this 

study, are more accurate because film thickness is not included or cancelled out in 

evaluation of these values. In this study, error bars were typically within the size of the 

symbols.  

The crystal structures of the films were evaluated using X-ray diffraction (XRD). 

This was achieved by using a four-circle diffractometer equipped with a two-dimensional 

area detector (Bruker AXS, D8 Discover with GADDS). The surface morphology of the 

films was measured with an atomic force microscope (AFM, Seiko Instruments, SPI-4000) 

with a cantilever tip with a curvature radius of 20 nm. The microstructures of the films 

were observed by cross-sectional transmission electron microscopy (TEM). The texture 

structures of the films were characterized using a polarized light microscope with nearly 

crossed polarizers. 
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Fig. 2.5. (a) Typical energy dispersive X-ray spectra for an amorphous Sn0.97Ta0.03O2 film. Acceleration voltage 

was set to 5 kV to minimize signals from substrates. (b) Relation between nominal (Sn1-xTaxO2 targets) composition 

and measured composition of films. 
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The transport properties of the films (, ne, and H) were measured using a four-

probe  measurement and Hall measurement in typical six-probe Hall-bar geometries. The 

Hall-bar width and the distance between voltage terminals for four-probe measurements 

were 1 mm and 2.4 mm, respectively. For comparison, the transport properties of a few  

5 × 5 mm2 square films were measured with the van der Pauw method, resulting in 

essentially the same results. Ohmic electrodes were prepared by mechanically pressing In 

pieces onto the film surface. The In electrodes showed good ohmic contact with low 

contact resistance and are thus sufficient for room temperature measurements. For 

temperature dependence measurements, Ag electrodes deposited by vacuum evaporation or 

sputtering were used. A laboratory constructed system equipped with a two tesla 

electromagnet was used for room temperature measurements. Applied current was 

generated by a Keithley 2410 SourceMeter or 6487 Picoammeter, whereas voltage was 

measured with Keithley 2000 or Agilent 34401 multimeters. Current–voltage 

characteristics and Hall voltage-magnetic field characteristics were measured repeatedly (at 

least twice) to confirm the reliability and reproducibility of the measurements. The 

temperature dependence of the transport properties were measured with a commercially 

available system (Quantum design, physical properties measurement system (PPMS Model 

6000)) equipped with a nine tesla superconducting magnet. The two independent systems 

for transport measurement yielded consistent results with each other, with a few % 

discrepancies.  

The optical transmittance spectra at normal incidence and reflectance spectra at 

near-normal incidence (5 °) in a wavelength range of 250–2500 nm were measured at room 
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temperature using an ultraviolet-visible-NIR spectrophotometer (JASCO, V-670). The 

optical properties in the NIR region were also measured with Fourier transform infrared 

spectrometers (JASCO, FT/IR-6100) to obtain a better S/N ratio. The absorption spectra 

were calculated as the difference between unity and the sum of the reflectance and 

transmittance spectra. The reference for the optical measurement was the air, and thus loss 

due to glass substrates was not extracted in the data. 

Compositional analysis was performed on amorphous Ta-doped SnO2 films used in 

appendix C by using an energy dispersive X-ray analyzer (JEOL, JED-2300) equipped with 

a scanning electron microscope (JEOL, JSM-7001F). As shown in Fig. 2.5, the analyzed 

compositions were consistent with the nominal values, demonstrating generally believed 

stoichiometric transfer in PLD. Thus, the nominal compositions of targets were used to 

represent the chemical compositions of films throughout this study.  
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Chapter 3 Comparison of Transport Properties 

between Polycrystalline and Epitaxial Ta-doped 

SnO2 Films* 

In this chapter, I compared the XRD patterns and transport properties of TTO 

epitaxial films on Al2O3 (0001) and polycrystalline films on glass grown in the same 

deposition run. The crystal structure of epitaxial films was almost independent of Ta 

content, while the preferred growth plane of the polycrystalline films was significantly 

influenced by Ta doping. The polycrystalline films exhibited approximately three times 

higher  values than the epitaxial films, mainly due to reduced H. This result clearly 

demonstrates that epitaxial growth is useful for enhancing H in SnO2 films. 

 

3.1 Introduction 

As reviewed in chapter 1, transport properties of polycrystalline and epitaxial SnO2 

thin films have been investigated by various deposition methods. To my knowledge, 

however, no comparative study on polycrystalline and epitaxial films has been reported. 

Therefore, it was unclear how epitaxial growth affected transport properties of SnO2. In this 

                                                   
* A version of this chapter has been published in Thin Solid Films 518, 3093 (2000). 
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study, I grew both polycrystalline and epitaxial SnO2 films in the same deposition run and 

compared their structure and transport properties. 

In this study, Ta was employed as a dopant for carrier doping for a few reasons. 

First, very high doping efficiency approaching 100%, which was not confirmed in Sb-

doped SnO2 [73] and FTO [74] by PLD, has been reported for TTO films [47]. This 

indicates that TTO films are unlikely to contain inactive dopant (Ta4+) acting as neutral 

impurity and unfavorable defects such as clustered dopants and accepter-like defects. 

Second, Sb and F might be re-evaporated during high temperature deposition whereas Ta is 

nonvolatile. Third, possible toxicity of Sb might regulate future large scale use of Sb-doped 

SnO2. For this reason, a number of studies [47, 48, 75, 76, 77, 78, 79, 80, 81] including this 

study investigated TTO films for this decade. 

  

3.2 Film Growth 

Sn1-xTaxO2 (TTO) thin films with x = 0~0.1 were fabricated on alkaline-free glass 

(Corning 1737) and Al2O3 (0001) single-crystalline substrates by PLD. Sintered pellets 

composed of SnO2 and Ta2O5 were used as PLD targets. The substrate temperature and the 

oxygen partial pressure during deposition were set to 600 °C and 3  10-3 Torr, respectively. 

Repetition rate of the laser for deposition was 2 Hz. The films were 110 ± 20 nm thick.  
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3.3 Results and Discussion 

Figures 3.1(a) and (b) show the XRD patterns of TTO films grown on Al2O3 (0001) 

and glass substrates, respectively. As seen from the figures, the TTO films on glass were in 

the polycrystalline state without preferential orientation, whereas the epitaxial films on 

Al2O3 (0001) were a-oriented [41, 42, 46, 48]. No impurity phase such as SnTa4O11, 

SnTa2O6, and Ta2O5 could be detected up to x = 0.1 for both the polycrystalline and the 

epitaxial films. In the epitaxial films, the rocking curve of the 200 diffraction exhibited a 

full width at half maximum of ~0.08 °, irrespective of x. Furthermore, the intensities of the 

200 and 400 diffractions are essentially constant with respect to x. Thus, it is concluded that 

an excellent crystallinity is maintained up to x = 0.1 in the epitaxial films. On the other 

hand, polycrystalline films on glass exhibit a rather complex structural behavior. The XRD 

pattern of the undoped film (x = 0) is similar to that of bulk SnO2 (JCPDS 41-1445). With 

increasing x, the intensity of the 200 diffraction is monotonically suppressed, whereas a 

peak assigned to 101 abruptly evolves. Other diffraction peaks, such as those for 110 and 

211, exhibit maximum intensities at x = 0.01–0.05. These imply that the preferred growth 

plane of the TTO polycrystalline films varies depending on the Ta content. Such a 

phenomenon was also reported in cases where SnO2 was doped with other elements, such 

as Sb [82] and F [83]. It has not yet been clarified why the dopant concentration affects the 

preferred growth. I speculate that, similar to oxygen partial pressure dependence [84], 

dopant elements could affect the stability of the low index surfaces and thus the nucleation. 

Figure 3.2 shows typical AFM images for the polycrystalline and epitaxial TTO 

films. As shown in Fig. 3.2(a), surface morphology of the polycrystalline film was  
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Fig. 3.1. XRD patterns of TTO thin films on (a) Al2O3 (0001) and (b) glass substrates. Bar graph shows the XRD pattern 

of bulk SnO2 (JCPDS 41-1445). S denotes substrate peaks. 

 

 

Fig. 3.2. AFM images of Sn0.95Ta0.05O2 films grown on (a) glass and (b) Al2O3 (0001) substrates. 
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characterized by fine grains. Grain structure was observed for the epitaxial film  

(Fig. 3.2(b)) as well although the film was grown on a single crystalline substrate with step 

and terrace structure. This is probably because SnO2 tends to grow in Volmer-Weber mode 

[44, 45]. Triple domain structure [46, 48] might well contribute to grain formation. 

Finally, I discuss transport properties. Fig. 3.3 shows a comparison between the 

transport properties of the polycrystalline and epitaxial TTO films. The epitaxial films 

exhibited 2.4  10-4 cm at x = 0.025~0.03, which is comparable with the previously 

reported values for CVD films on Al2O3 (0001) (3.1  10-4 cm) [48] and PLD films on 

TiO2 (110) (1.1  10-4 cm) [47], as shown in Fig. 3.3(e). On the other hand, the 

polycrystalline TTO films showed approximately three times higher  values of 7  10-4 

cm at x = 0.015~0.03. As shown in Fig. 3.3(b), both polycrystalline and epitaxial films 

showed systematic increase in ne as Ta-doping concentration increased. In particular, very 

high doping efficiency approaching 100% was achieved for the epitaxial films at x < 0.01. 

Maximum ne values for the polycrystalline and epitaxial films were 5.2  1020 cm-3 and  

7.6  1020 cm-3, respectively. The difference in ne might be attributable to the difference in 

crystallinity of the films. As shown in Fig. 3.3(c), H values for the epitaxial films were two 

times higher than those for the polycrystalline films at x ≥ 0.02, resulting in the large 

difference in  values. The highest H for the epitaxial films was 53.2 cm2V-1s-1 obtained at 

x = 0.015 whereas the highest H for the polycrystalline films was 35.5 cm2V-1s-1 obtained 

at x = 0. The enhanced H values for the epitaxial films are probably owing to absence of 

high angle grain boundary. This result clearly demonstrates that epitaxial growth is useful 

for enhancing H in SnO2 films. It should be noted, however, that H value 
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Fig. 3.3. Room temperature (a) , (b) ne, and (c) H of TTO films on glass (circles) and Al2O3 (00101) (squares) as a 

function of Ta content, x, in Sn1-xTaxO2. The solid lines are guides to eyes. The dashed line in (b) is the expected carrier 

density assuming that all the doped Ta5+ ions substitute Sn4+ sites and generate one electron per Ta. (e) Comparison of the 

transport properties in this work with those for TTO epitaxial films thus far reported [47,48]. 
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for the epitaxial films decrease as x decreased and was finally lower than  that for the 

polycrystalline film at x = 0. Decreasing tendency in H with the decrease of ne is indicative 

of grain boundary scattering, and is determined by various characteristics of the grain 

boundary such as grain size and defect density at the grain boundary. Therefore, it is highly 

crucial to identify quantitatively defects that act as grain boundaries in the epitaxial TTO 

films to explain the behavior in Fig. 2.3(c). Possible candidates are boundaries at triple 

domains, small angle grain boundary due to island growth, and {101} CSP. At present, 

identification, estimation, and separation of the effect of these defects on H are extremely 

challenging and are beyond the scope of this study. 

 

3.4 Summary 

I compared the XRD patterns and transport properties of TTO epitaxial films on 

Al2O3 (0001) and polycrystalline films on glass grown in the same deposition run. The 

crystal structure of epitaxial films was almost independent of Ta content, while the 

preferred growth plane of the polycrystalline films was significantly influenced by Ta 

doping. The epitaxial films exhibited 2.4  10-4 cm at x = 0.025~0.03 comparable with 

the previous reports whereas the polycrystalline films showed approximately three times 

higher  values of 7  10-4 cm at x = 0.015~0.03. The reduced  values in the epitaxial 

films mainly resulted from H values two times higher than those for the polycrystalline 

films at x ≥ 0.02. The highest H for the epitaxial films was 53.2 cm2V-1s-1 obtained at  
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x = 0.015 whereas the highest H for the polycrystalline films was 35.5 cm2V-1s-1 obtained 

at x = 0. This result clearly demonstrates that epitaxial growth is useful for enhancing H in 

SnO2 films. 
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Chapter 4 Enhanced Mobility in Ta-doped SnO2 

on Glass Substrates by Seed Layer Method* 

In this chapter, I investigated the use of rutile oxides like TiO2 and NbO2 as seed-

layers for SnO2. These materials are isostructural to SnO2 and are thus expected to promote 

epitaxial-like growth of SnO2 on glass substrates. The TTO films grown on the 10-nm-thick 

seed-layers exhibited (110)-preferential growth and enlarged crystalline grains. Very high 

H values of 66~68 cm2V-1s-1 were obtained for the TTO films on both rutile TiO2 and 

NbO2. These values are even higher than those obtained for epitaxial TTO films grown on 

Al2O3 (0001). 

 

4.1 Introduction 

As shown in the previous chapter, epitaxial growth is useful for enhancing H in 

SnO2 films. A feasible method to achieve epitaxial growth on glass substrates is seed-layer 

method: a thin seed-layer deposited on glass is used as a template on which high-quality 

SnO2 films are grown. The seed layer method has been successfully applied to TiO2- [85] 

and CdO-based [86] TCOs whereas the effect of seed layer was ambiguous in ITO [87] 

probably due to insignificant role of grain boundary scattering in ITO.  

                                                   
* A version of this chapter has been published in Thin Solid Films 518, 3093 (2000). 
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The criteria for selecting materials as the seed layers are summarized as follows. 

First, the materials should promote epitaxial growth of the main layers; crystal structure and 

lattice parameters of the seed layers are preferably as close to those of main layers as 

possible. Second, the materials should exhibited oriented growth, high crystallinity, and/or 

large grain even with thin thickness, none of which can be achieved by self-seed layer of 

SnO2. Third, the materials should be easily available and nontoxic. Fourth, the materials 

should be transparent in the wavelength of interest. 

In this chapter, I explored rutile oxides, which are isostructural to SnO2, for use as 

seed layer of SnO2. Figure 4.1(a) shows lattice parameters of various materials with rutile 

structure. Apparently, rutile TiO2 and NbO2, which are rather easily available and nontoxic, 

exhibit lattice parameters relatively close to SnO2 and are thus expected to work as the seed 

layer for SnO2. Efforts to fabricate better-lattice-matched TaO2 and MgF2 ended in vain. 

 

4.2 Film Growth 

TTO thin films with x = 0.003~0.1 in Sn1-xTaxO2 were fabricated on alkaline-free 

glass substrates (Corning 1737) with and without rutile TiO2 and NbO2 seed layers. The 

structure of the prepared films, including the glass substrate, seed-layer and the TTO film 

grown on top, is schematically illustrated in Fig. 4.1(b). 10-nm-thick seed-layers were 

deposited on unheated glass substrates by PLD with the oxygen partial pressure during the 

deposition set at 1  10-6 Torr and <3  10-8 Torr (i.e., no oxygen introduction) for rutile 

TiO2 and NbO2, respectively. Sintered pellets of TiO2 and Nb2O5 were used as the targets. 
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For TTO deposition, the substrate temperature and the oxygen partial pressure were set to 

600 °C and 3  10-3 Torr, respectively. Sintered pellets composed of SnO2 and Ta2O5 were 

used as PLD targets. Repetition rate of the laser for deposition was 2 Hz. The film thickness 

of the TTO layer was 110 ± 20 nm.  

 

4.3 Results and Discussion 

Figure 4.1(c) shows the XRD patterns of TTO films with x = 0.05 grown on seed-

layers and on bare glass. On bare glass without the seed-layer, the 101 diffraction peak is 

quite prominent. In contrast, the 110 peak becomes significant on the seed-layers, as is 

evident from the XRD pattern of the TTO films on rutile TiO2. As shown in Fig. 4.2, the 

(110) preferential growth on the seed-layers occurs in the entire doping range, in sharp 

contrast to the complicated behavior of the films on bare glass (Fig. 3.1(b)). This suggests 

that the seed-layers promote the (110) preferential growth of the TTO films through an 

epitaxial-like interaction, similar to the case of the epitaxial TTO films on Al2O3 (0001) 

(Fig. 3.1(a)). (110) is considered to be the most energetically stable surface in TiO2 [89]. 

Therefore, exposed surface of the TiO2 seed layer might consist of (110) planes, which can 

explain (110)-preferred growth of TTO on the seed layer. On NbO2, the (110) preferential 

growth was less significant as shown in Fig. 4.1(c). I speculate that NbO2 is partly oxidized 

to Nb2O5 during the initial stage of the TTO film growth, resulting in the suppression of the 

epitaxial interaction between the TTO films and the NbO2 seed-layer. 
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Fig. 4.1. (a) Lattice parameters of materials with rutile structure. Data are taken from ref 88. (b) Schematic of the film 

structure. (c) XRD patterns of Sn0.95Ta0.05O2 thin films on various seed-layers. AFM images for the Sn0.95Ta0.05O2 thin 

films grown on (d) rutile TiO2 and (b) NbO2 seed layers. Polarized light microscope images for the Sn0.95Ta0.05O2 thin 

films grown on (d) rutile TiO2 and (b) NbO2 seed layers. The images were taken near the edge of the main layers. 
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Fig. 4.2. XRD patterns of TTO thin films on rutile TiO2 seed layers. 

 

Fig. 4.3. Room temperature (a) , (b) ne, and (c) H of TTO films on Al2O3 (00101) (triangles), bare glass (circles), rutile 

TiO2 (squares) and NbO2 (crosses) seed layer as a function of x. The dashed line in (c) is the target value (80 cm2V-1s-1).  
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The seed layer affected not only growth orientation but also grain size of TTO.  

Figs. 4.1(d) and 4.1(e) shows AFM images of the TTO films obtained on the rutile TiO2 

and NbO2 seed-layers. On bare glass (Fig 3.2(a)), the grain size estimated using the surface 

morphology is at most a few tens of nanometers, whereas the TTO films on the seed layers 

and Al2O3 (0001) exhibit grain sizes of several tens of nanometers. These results suggest 

that nucleation of the TTO films on the seed layers are similar to that on single crystalline 

substrates. In addition to the crystalline grains, m-scale structures were observed for the 

TTO films on both rutile TiO2 and NbO2 seed layers. As seen in polarized light microscope 

images (Figs. 4.1(f) and 4.1(g)), the structures originated from the seed-layers grown by 

solid phase crystallization [90].  

Owing to the oriented growth and enlarged grains by the seed layer, the TTO film 

grown on the seed layer exhibited dramatically improved transport properties. Fig. 4.3 

shows the transport properties of the TTO films on the rutile TiO2 and NbO2 seed layers 

together with the data for the polycrystalline an epitaxial TTO films (Fig. 3.3). Clearly, the 

TTO films on the seed layers exhibited transport properties similar to that for the epitaxial 

films grown on Al2O3 (0001). The lowest  values for the films on both rutile TiO2 and 

NbO2 were 2.3  10-4 cm, which was even slightly lower than that for the epitaxial film, 

2.4  10-4 cm. More importantly, the H values for the TTO films on the seed layers were 

clearly higher than those for the epitaxial films, as seen in Fig. 4.3(c). Very high H values 

of 66~68 cm2V-1s-1 at ne of 2.5~4.3  1020 cm-3 were obtained for the TTO films on both 

rutile TiO2 and NbO2. These values are even higher than a criterion for high H TCOs 

proposed by Calnan and Tiwari, 62.5 cm2V-1s-1 [25]. 
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Fig. 4.4. (a) Transmittance, (b) reflectance, and (c) absorption spectra of a 130-nm-thick Sn0.95Ta0.05O2 film on glass 

(dashed) and on 10-nm-thick rutile TiO2 seed-layer (solid). The inset of (a) shows the magnified transmittance spectra in 

the visible region. (Copyright (2010) Elsevier) 
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Finally, we briefly mention the optical properties of TTO films grown on the seed 

layers. Fig. 4.4 shows the transmittance, reflectance, and absorption spectra of a 130-nm-

thick TTO film on bare glass and on a 10-nm-thick rutile TiO2 seed-layer. The absorption 

spectra of both films were almost identical and exhibited low absorption in the visible 

region at the wavelength of 400~800 nm. Consequently, both films exhibited high 

transparency in the visible region, as shown in the inset of Fig. 4.4(a). The averaged 

transmittance values in the visible region are 83% and 81% for the TTO films on glass and 

on the rutile seed-layer, respectively. Such high transparency was also observed in the TTO 

films on the NbO2 seed-layer. Therefore, I conclude that 10-nm-thick seed-layers have little 

effect on the transparency. 

 

4.4 Summary 

I employed a seed-layer method, using NbO2 and rutile TiO2 with a thickness of 10 

nm as a template for epitaxial-like growth of the TTO film on glass substrates in order to 

improve H of TTO. The TTO films grown on the 10-nm-thick seed-layers exhibited (110)-

preferential growth and enlarged crystalline grains. Very high H values of 66~68 cm2V-1s-1 

were obtained for the TTO films on both rutile TiO2 and NbO2. These values are even 

higher than those obtained for epitaxial TTO films grown on Al2O3 (0001). These findings 

indicate that the seed-layer method is effective for fabricating highly H TTO thin films on 

glass substrates. 
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Chapter 5 High Mobility Exceeding 80 cm2V-1s-1 

in Ta-doped SnO2 Thin Films on Glass Using 

Anatase TiO2 Seed Layers* 

In this chapter, I explored oxides having different crystal structure from SnO2 for 

the use of seed layer for SnO2. The use of 10-nm-thick polycrystalline anatase TiO2 seed 

layers was found to lead to the preferred growth of (200)-oriented TTO films, resulting in a 

30% increase in ne and a more than two times increase in H, compared with films grown 

directly on glass substrates. The maximum H obtained was 83 cm2V-1s-1  

(ne = 2.7  1020 cm-3,  = 2.8  10-4 cm) at x = 0.01 in Sn1-xTaxO2. This H value was even 

the highest among those for doped SnO2 films thus far reported. Although further reduction 

in ne without reducing H was required, this is the first result that achieved the target H 

value of 80 cm2V-1s-1. 

 

                                                   
* Two versions of this chapter have been published in Appl. Phys. Express 3, 031102 (2010). and MRS proc. 

1604 (2014). 
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5.1 Introduction 

In the previous chapter, enhanced H in TTO films on glass was successfully 

demonstrated by epitaxial-like growth using seed layer of isostructural oxides such as rutile 

TiO2 and NbO2. However, even optimized films exhibited H lower than the target value 

(80 cm2V-1s-1). Therefore, further exploration for the seed layer is necessary. 

In this chapter, I extended the exploration of seed layer from rutile oxides to other 

materials such as rutile fluorides and oxides having different crystal structures. Although 

several rutile fluorides have lattice parameters close to those of SnO2 as shown in  

Fig. 4.1(a), rutile fluorides are often unsuitable for the seed layer for several reasons. First, 

fluorides are in general unstable; they are reactive with moisture in air and volatile in 

vacuum at high temperature. Second, some of the fluorides shown in Fig 4.1(a) are 

nontransparent. For example, CoF2 and NiF2 are, respectively, pink and green to human 

eyes. An exceptional and promising rutile fluoride for the seed layer of SnO2 might be 

MgF2 owing to several excellent properties: wide band gap (and thus excellent 

transparency), fair stability both in air and at high temperatures, easy availability in 

industry as low refractive index coatings, and lattice parameters close to SnO2. However, 

the band gap of MgF2 was too wide to ablate with the KrF excimer laser used in this study. 

Therefore, I abandoned fluorides and focused on oxides having different crystal structure 

from SnO2 for the use of seed layer. 

Epitaxial growth with large lattice mismatch exceeding 10% (so-called domain 

match epitaxy) has been reported for some oxides [91]. Therefore, in this chapter, I ignored 
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lattice matching and explored oxides for the seed layer of SnO2 from other criteria 

mentioned in chapter 4: oriented growth, high crystallinity, large grain, availability, and 

nontoxicity. ZnO was apparently promising owing to c-axis oriented growth on glass 

substrates. Indeed, ZnO seed layers promoted (100)-oriented growth of SnO2 (see appendix 

B, Fig. B.1). However, no clear improvement in H was observed for the (100)-oriented 

SnO2 films grown on the ZnO seed layers. I speculated that Zn diffused into the grain 

boundary of the SnO2 during high temperature deposition and suppressed the H of the 

SnO2 films. 

Another candidate is anatase TiO2. Anatase TiO2 grown from amorphous precursor 

[60] exhibits various excellent properties suitable for seed layers: high crystallinity as 

confirmed by H comparable with epitaxial films [60, 92] and large crystalline grains 

exceeding 10 m [93] with domains exceeding 100 nm [63, 94]. In this chapter, I found 

anatase TiO2 an excellent seed layer for SnO2. The use of 10-nm-thick polycrystalline 

anatase TiO2 seed layers was found to lead to the preferred growth of (200)-oriented TTO 

films, resulting in a 30% increase in ne and a more than two times increase in H, compared 

with the polycrystalline TTO films. An optimized film exhibited very high H of  

83 cm2V-1s-1 (ne = 2.7  1020 cm-3,  = 2.8  10-4 cm), which exceeded the target H value 

of 80 cm2V-1s-1. 
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5.2 Film Growth 

Both the TiO2 seed layers and TTO films with x = 0.003~0.1 in Sn1-xTaxO2 were 

deposited by PLD at a repetition rate of 2 Hz. Amorphous TiO2 seed layers with a thickness 

of 10 nm were deposited on unheated alkaline-free glass (Corning, 1737) at an oxygen 

partial pressure of 3  10-3 Torr. The as-deposited seed layers were then annealed at 600 °C 

in the PLD chamber to produce a polycrystalline anatase TiO2 phase. TTO films were 

subsequently grown on the TiO2 seed layers at an oxygen partial pressure of 3  10-3 Torr 

and a substrate temperature of 600 °C. The typical thickness of the TTO films was 110  20 

nm. Thicker films with Rs below 10 sq.-1 were used for optical measurements. 

 

5.3 Results and Discussion 

Figures 5.1(a) and (b) show XRD patterns of TTO films deposited on glass with and 

without anatase TiO2 seed layers (hereafter in this chapter shortly referred to as the seed 

layer), respectively. From the XRD patterns for the TTO films on glass without the seed 

layers, it can be seen that the film is polycrystalline with random grain orientations. The 

films on glass showed a typical fine columnar structure as observed by TEM in Fig. 5.2(a). 

From the AFM image shown in Fig. 5.1(c), the dimensions of the grains are a few tens of 

nanometers at the surface. In addition, I estimated grain size from the 211 diffraction peak 

of the TTO film on glass by using the Scherrer equation where 0.9 was used as shape factor. 

The obtained value of 20 nm was consistent with the AFM observation. 
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Fig. 5.1. XRD patterns of TTO films on (a) glass and (b) anatase TiO2 seed layers. AFM images of TTO (x = 0.02) films 

on (c) glass and (d) anatase TiO2 seed layer. 
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Fig. 5.2. Cross sectional TEM images of Sn0.98Ta0.02O2 films on (a) glass and (b) anatase TiO2 seed layer. (c) High 

magnification TEM image of (b) near the seed layer. 
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These characteristics are typical for polycrystalline films on glass substrates. In contrast, 

the TTO films on the seed layers exhibit a preferred (200) orientation, as evidenced by the 

strongly enhanced (200) peak intensity. I confirmed that films with a preferred (200) 

orientation could be produced for the entire doping range examined in this study, as shown 

in Fig. 5.1(b). The (200) orientation was also confirmed by cross-sectional TEM 

observations [Fig. 5.2(c)]. Furthermore, cross sectional TEM observation reveled that high 

angle grain boundaries were absent in the films as shown in Fig. 5.2(b). The TTO films on 

the seed layers exhibited larger grains with dimensions of several tens of nanometers, as 

shown in Fig. 5.1(d). This result was, however, inconsistent with grain size of 16 nm 

obtained from the 200 diffraction peak of the TTO films on the seed layers by using the 

Scherrer equation. This is probably because peak broadening in epitaxially strained films 

led to underestimation of grain size using the Scherrer equation. At present, the mechanism 

behind the preferred (200) growth on the polycrystalline anatase seed layer is unclear. 

However, it should be noted that the c-axis spacing of anatase TiO2 (0.951 nm) is 

approximately double the a-axis spacing of SnO2 (0.474 nm). This suggests that the 

epitaxial relationship between SnO2 (100) and anatase TiO2 (100) planes may promote the 

preferred (200) growth of SnO2.  

Figure 5.3 shows the room-temperature transport properties of the TTO films. In the 

low doping region with x < 0.01, the ne value of the TTO films on the seed layer is 

proportional to x and follows the dotted line representing 100% ionization efficiency, 

indicating that each Ta5+ ion substituting for an Sn4+ ion contributes a single carrier electron. 

Such a high activation efficiency is a characteristic feature of TTO [47]. For x > 0.03, ne 

becomes saturated at a value of ~7  1020 cm-3. 
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Fig. 5.3. (a) , (b) ne, and (c) H of TTO films on glass (circles) and anatase TiO2 seed layers (squares) as a function of Ta 

content, x, in Sn1-xTaxO2. The dashed line represents 100% activation efficiency. (d) Film thickness dependence of  for 

TTO films on glass (circles) and anatase TiO2 seed layers (squares). 
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The ne values of the TTO films are approximately 30% lower than those of the TTO 

films on the seed layer. In addition to crystallinity discussed in chapter 3, I speculate that 

the random grain orientation leads to the presence of a variety of defects which compensate 

for the carriers generated by Ta-doping. Bélanger et al. [38] examined the transport 

properties of doped SnO2 films as a function of thickness and found that for thinner films 

with thickness below 1 m, the carrier concentration decreased with the decrease of the 

thickness. Considering the charge neutrality of the surfaces, they proposed that polar 

surfaces such as (110) and (101) tend to contain Sn2+ ions, which behave as traps for 

carriers, whereas the nonpolar (200) surface does not contain such traps [38, 95]. 

As observed in Fig. 5.3(c), the H values of TTO films on the seed layer are 

systematically 2–3 times larger than those of the TTO films on glass and reach a maximum 

of 83 cm2V-1s-1 (ne = 2.7  1020 cm-3, H = 2.8  10-4 cm) at x = 0.01. This remarkably 

high H value is the largest ever reported for doped epitaxial or polycrystalline SnO2 thin 

films as shown in the inset of Fig. 5.4, and is comparable to the H values of high-H In2O3-

based TCOs (Table 1.2). More importantly, this is the first result that achieved the target H 

value of 80 cm2V-1s-1 although further reduction in ne without reducing H was required as 

shown in Fig. 5.4. This high H value can be attributed to the preferred (200) growth 

orientation in addition to the larger grain size in the films, which result in reduced carrier 

scattering at grain boundaries. I obtained a minimum  of 1.8  10-4 cm  

(ne = 5.7  1020 cm-3, H = 60 cm2V-1s-1) at x = 0.025, which is one of the lowest ever 

reported for SnO2 films [47, 96, 97]. I confirmed that the  values of the TTO films on the 

seed layers were independent of the thickness of the TTO layers as shown in Fig. 5.3(d).  
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Fig. 5.4. Comparison of ne and H values for the TTO films on glass (circles) and anatase TiO2 seed layers (squares) with 

those of SnO2-based TCOs (crosses) previously reported in Ref. 6 and the target value in this study (diamond) . 

 

Fig. 5.5. (a) Typical optical properties (solid lines) of the TTO films and corresponding fit (circles) based on the Drude 

model. (b) Comparison of optical mobility (squares) and H (crosses and circles) of the TTO films. 

 

Fig. 5.6. Comparison between optical transmittance spectra of the TTO (x = 0.01 and x = 0.015) films on anatase TiO2 

seed layers and a typical ITO film. The inset shows the electrical properties of these films. (Copyright (2010) The Japan 

Society of Applied Physics) 
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This result indicates that no interfacial conductivity contributes to the  values of the TTO 

films on the seed layers. Moreover, I directly measured  of a 10-nm-thick anatase TiO2 

seed layer after etching off TTO film. As a result, I found that the seed layer showed  

 = 1  10-1 cm (ne = 3  1019 cm-3, H = 2 cm2V-1s-1), which is a reasonable value for 

undoped polycrystalline anatase TiO2 [60]. Therefore, the seed layer has a negligible 

influence on the  of TTO films on the seed layers. These results clearly demonstrate that 

the excellent transport properties of the TTO films on the seed layers were derived from the 

TTO layers. Here, we noted that the TTO films on glass showed reduced  with the 

increase in the film thickness, which has been widely reported in FTO films by CVD [39, 

40]. Very recently, Isshiki et al. investigated film thickness dependence of transport 

properties of FTO films in detail [40]. They found that the topmost layer in 1-m-thick 

films with large grains is estimated to exhibit high H of ~80 cm2V-1s-1 in spite of low H 

(~10 cm2V-1s-1) of initial layer. Thus, H of SnO2 films free from grain boundary scattering 

can be as high as ~80 cm2V-1s-1. The seed layer method allows us to obtain such high H 

even in the initial stage of the film growth. 

In order to confirm reduced grain boundary scattering in the TTO films on the seed 

layer, optical mobility was estimated from transmittance and reflectance spectra as shown 

in Fig. 5.5. Fitting results on the experimental data were fair for the TTO films on glass as 

shown in Fig. 5.5(a). On the other hand, no satisfactory fitting results on the experimental 

data were obtained for the TTO films on the seed layers due to multilayer structure. As 

shown in Fig. 5.5(b), the optical mobility values for the TTO films on glass were much 

higher than the H for the film, demonstrating that grain boundary scattering dominates the 
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H for the TTO films on glass. Interestingly, the optical mobility values for the TTO films 

on glass were close to the H values for the TTO films on the seed layers. This suggests that 

grain boundary scattering in the TTO films on the seed layers is indeed negligible. 

Finally, I discuss the optical properties of the TTO films on the seed layers. Figure 

5.6 shows a comparison of the transmittance spectra of the TTO (x = 0.01 and 0.015) films 

and that of a typical ITO with an equivalent . The TTO films maintain high transmittance 

up to the NIR region (>1000 nm), in sharp contrast to ITO, whose NIR transmittance 

abruptly decreases with increasing wavelength owing to light absorption by free carriers. 

This indicates that the transmission window of the TTO is much wider than that of ITO, 

and is a direct consequence of the high mobility (~ 80 cm2V-1s-1) of the TTO films, which 

leads to substantially reduced absorption by free carriers in the NIR region. A transmittance 

of greater than 70% is obtained in the wavelength regions of 400~1640 nm and  

400~1850 nm for x = 0.015 and x = 0.01, respectively. Such high transparency in the NIR 

region makes these films promising candidates for use in the next-generation PVCs by 

allowing the efficient use of the NIR region of sunlight. 

 

5.4 Summary 

I have fabricated polycrystalline TTO films on seed layers of anatase TiO2 using 

PLD. The use of the 10-nm-thick TiO2 seeds promoted preferred (200) growth together 

with the enlargement of grains, resulting in a 30% increase in ne and a more than two times 

increase in H. I obtained H = 83 cm2V-1s-1 (ne = 2.7  1020 cm-3,  = 2.8  10-4 cm) at  
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x = 0.01, which is the highest value ever reported for SnO2-based transparent conductors 

and is comparable to the values for high- HIn2O3-based TCOs. Although further 

reduction in ne without reducing H was required, this is the first result that achieved the 

target H value of 80 cm2V-1s-1. Furthermore, a minimum  = 1.8  10-4 cm  

(ne = 5.7  1020 cm-3, H = 60 cm2V-1s-1) was attained with a slightly higher Ta content of  

x = 0.025. The TTO films with x = 0.01 exhibited an optical transmittance of over 70% at 

wavelengths ranging from 400 to 1850 nm, demonstrating NIR transparency suitable for 

the next-generation PVCs. 
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Chapter 6 Effects of Growth Parameters on 

Structure and Transport Properties of Ta-doped 

SnO2 Films on Anatase TiO2 Seed Layers* 

In this chapter, I investigated how the growth parameters such as oxygen partial 

pressure and substrate temperature affect structure and transport properties of TTO films in 

detail. (101)-preferred growth, which probably originated from energetically stable nature 

of oxygen deficient (101) plane, was observed for TTO films on glass grown under oxygen 

poor ambient or at low substrate temperatures. TTO films grown under oxygen rich 

ambient showed reduced ne, suggesting carrier compensation in the film due to excess 

oxygen. On the other hand, TTO films grown under oxygen poor ambient showed no 

decrease in ne but drastic decrease in H. As substrate temperature decreased, TTO films 

both with and without anatase TiO2 seed layers showed gradual and rapid decrease in ne 

and H, respectively. At low substrate temperatures, amorphization and (101)-preferred 

growth of TTO competed with epitaxial growth on the seed layer. Introducing sufficient 

process oxygen suppressed such unwanted film growth, resulting in the epitaxial growth of 

the TTO films on the seed layer and thus improved transport properties. 

 

                                                   
* A version of this chapter has been published in MRS proc. 1604 (2014). 
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6.1 Introduction 

In the previous three chapters, growth parameters for the TTO films were fixed at a 

substrate temperature of 600 °C and oxygen partial pressure of 3  10-3 Torr on the basis of 

initial preliminary experiments (not shown). In this chapter, effects of the growth 

parameters on structure and transport properties of TTO films were investigated in detail 

for the following reasons. First, process window in oxygen partial pressure during 

deposition is important information because the process window is crucial for practical 

fabrication. For example, ITO shows very wide process window [6]; very low  can be 

obtained in a wide range of oxygen partial pressure during deposition. This is one of the 

reasons why ITO has been widely used in industry. Second, lower temperature deposition 

than 600 °C is preferable because heat sensitive substrates such as plastic (maximum 

temperature for use: 100~200 °C) and soda-lime glass (maximum temperature for use: 

450 °C) are unavailable at 600 °C. Use of such substrates instead of rather expensive 

alkaline-free glass would reduce cost and/or weight of PVCs. Last, the growth parameters 

dependence of various properties is important in its own right because it might lead to 

better understanding of the defects in TTO. 

 

6.2 Film Growth 

Both the TiO2 seed layers and TTO films were deposited by PLD at a repetition rate 

of 2 Hz. Amorphous TiO2 seed layers with a thickness of 10 nm were deposited on 
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unheated alkaline-free glass (Corning, 1737) at an oxygen partial pressure of 3  10-3 Torr. 

The as-deposited seed layers were then annealed at 600 °C in the PLD chamber to produce 

a polycrystalline anatase TiO2 phase. TTO films were subsequently grown on the anatase 

TiO2 seed layers (hereafter in this chapter shortly referred to as the seed layer). Substrate 

temperature and oxygen partial pressure during TTO deposition were 300~600 °C and  

3  10-4~1  10-1 Torr, respectively. The film thickness of the TTO films was 110 ± 20 nm. 

 

6.3 Results and Discussion 

(1) Oxygen Partial Pressure Dependence 

Figure 6.1 shows oxygen partial pressure dependence of XRD patterns for 

Sn0.95Ta0.05O2 films deposited at a fixed substrate temperature of 600 °C. Prominent (101)-

preferred growth was observed for the Sn0.95Ta0.05O2 films on glass deposited under 

oxygen-poor ambient as shown in Fig. 6.1(a). The preferred growth gradually changed 

from (101) to (110) with the increase of oxygen partial pressure. In addition, 211 peaks 

were observed for all the Sn0.95Ta0.05O2 films on glass. The competition between (101)- and 

(110)-preferred growth has been widely observed for sputtered SnO2 thin films [84]. The 

origin of (110)-preferred growth is energetically stable nature of (110) surface [98], 

whereas (101)-preferred growth can be stabilized with the introduction of oxygen vacancies 

[84]. In addition to energetically stable (110) and (101) nuclei, recent TEM observation of 

initial growth stage of SnO2 films revealed numerous (211) nuclei [99], which might be 

stabilized by the (101) twin plane [100]. In contrast to the Sn0.95Ta0.05O2 films on glass,  
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Fig. 6.1. XRD patterns of Sn0.95Ta0.05O2 films on (a) glass and (b) anatase TiO2 seed layers deposited at various oxygen 

partial pressures. Substrate temperature was fixed at 600 °C.  

 

Fig. 6.2. (a) , (b) ne, and (c) H of Sn0.95Ta0.05O2 films on glass (circles) and anatase TiO2 seed layers (squares) deposited 

at various oxygen partial pressures. Substrate temperature was fixed at 600 °C. 
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the structure of the Sn0.95Ta0.05O2 films on the seed layers was insensitive to oxygen partial 

pressure as shown in Fig. 6.1(b); 200 diffraction peaks were dominant for all the 

Sn0.95Ta0.05O2 films on the seed layers. This means that film growth of the Sn0.95Ta0.05O2 

films on the seed layers was governed by the seed layer with epitaxial stabilization. 

Next, we discuss transport properties. Figure 6.2 shows comparison of transport 

properties between Sn0.95Ta0.05O2 films with and without the seed layers. The Sn0.95Ta0.05O2 

films on the seed layers exhibited much lower  than the films on glass. In particular, low  

of ~3  10-4 cm was obtained for the Sn0.95Ta0.05O2 films on the seed layers in wide 

oxygen partial pressure range from 3  10-3 to 3  10-2 Torr. This result clearly 

demonstrates wide process window in oxygen partial pressure for TTO fabrication. The 

reduced  resulted from 30% increase in ne and tripled H, which I attributed to reduction 

of grain boundary scattering due to epitaxial growth as well as the enlargement of grain 

sizes. Here it should be noted that, while high ne values were obtained for TTO films 

irrespective of oxygen partial pressure, TTO films grown under oxygen poor ambient 

showed significantly decreased H. I found slight decrease in deposition rate for such low-

H films deposited at oxygen poor ambient. Recently, Zhen et al. reported re-evaporation of 

Sn from growth surface of SnO2 films [45]. Thus, I speculated that possible re-evaporation 

of Sn at low oxygen partial pressure could increase the defect density at the grain boundary, 

resulting in low H. The TTO films grown under oxygen rich ambient showed decrease in 

ne, suggesting carrier compensation due to excess oxygen in SnO2 as well as ITO [101] and 

Nb:TiO2 [85, 102]. 
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(2) Substrate Temperature Dependence 

Figure 6.3 shows substrate temperature dependence of XRD patterns for 

Sn0.985Ta0.015O2 films deposited at fixed oxygen partial pressure of 3  10-3 Torr. The TTO 

films on glass showed (101)-preferred growth at low substrate temperatures (350 and 

400 °C), followed by amorphization at ≤ 300 °C (data not shown). The amorphous films 

were characterized by high  of > 105 cm and yellowish appearance. Details of the 

transport properties of amorphous SnO2 films deposited at much lower substrate 

temperatures are described in appendix C. As shown in Fig. 6.3(b), (101)-preferred growth 

was observed even for the Sn0.985Ta0.015O2 films on the seed layers grown at low substrate 

temperatures (350 and 400 °C). At 600 °C (Figs. 5.1 and 6.1), (101)-preferred growth 

observed for low oxygen partial pressure and high Ta concentration was suppressed by the 

(200) growth due to the seed layer. These results indicate that (101)-preferred growth 

competes with (100) epitaxial growth on the seed layer, and reduced adatom mobility at 

low substrate temperatures is favorable for (101)-preferred growth. 

Figure 6.4 shows substrate temperature dependence of the transport properties. The 

Sn0.985Ta0.015O2 films both with and without the seed layers showed gradual and rapid 

decrease in ne and H, respectively, as substrate temperature decreased. The decrease in ne 

suggests formation of inactive dopant (Ta4+) and unfavorable defects such as clustered 

dopants and accepter-like defects, which would reduce H as well. More importantly, the 

Sn0.985Ta0.015O2 films on the seed layer showed significant decrease in ne and H at substrate 

temperatures of 350 and 400 °C, where (101)-preferred growth occurred even on the seed 

layer; the transport properties of the TTO films with and without the seed layers were  
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Fig. 6.3. XRD patterns of Sn0.985Ta0.015O2 films on (a) glass and (b) anatase TiO2 seed layers deposited at various substrate 

temperatures. 

 

Fig. 6.4. (a) , (b) ne, and (c) H of Sn0.985Ta0.015O2 films on glass (circles) and anatase TiO2 seed layers (squares) 

deposited at various substrate temperatures. 
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almost identical. This result indicates that epitaxial growth is crucial for the improvement 

of the transport properties by using the seed layer. 

 

(3) Effect of Oxygen Partial Pressure at Low Substrate Temperatures 

As shown above, at low substrate temperatures, unwanted film growth such as 

amorphization and (101)-preferred growth competes with epitaxial growth on the seed layer, 

resulting in poor transport properties. Because (101)-preferred growth can be suppressed 

with the increase of oxygen partial pressure (Fig. 6.1), I investigated effect of oxygen 

partial pressure at low substrate temperature in order to improve the transport properties of 

TTO films. 

Figure 6.5 and 6.6 show, respectively, XRD patterns and optical properties of the 

Sn0.985Ta0.015O2 films grown at 300 °C. The film on glass deposited at oxygen partial 

pressure of 3  10-3 Torr were amorphous with yellowish appearance. With the increase of 

oxygen partial pressure, transparent and polycrystalline films were obtained as seen in 

drastic increase in transmittance over the 400~600 nm region (Fig. 6.6). The 

Sn0.985Ta0.015O2 film on glass deposited at oxygen partial pressure of 1  10-2 Torr exhibited 

 of 1.1  10-3 cm (ne = 2.3  1020 cm-3, H = 25 cm2V-1s-1). Moreover, the 

Sn0.985Ta0.015O2 film on the seed layer deposited at oxygen partial pressure of 1  10-2 Torr 

showed (100)-growth, and exhibited reduced  of 5.1  10-4 cm (ne = 3.1  1020 cm-3,  

H = 40 cm2V-1s-1). These results demonstrated that, at low substrate temperatures, 

introducing sufficient process oxygen suppressed unwanted film growth such as  
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Fig. 6.5. XRD patterns of Sn0.985Ta0.015O2 films deposited at 300 °C. 

 

Fig. 6.6. Transmittance and absorption spectra of Sn0.985Ta0.015O2 films on glass deposited at substrate temperature of 

300 °C and oxygen partial pressures of 3  10-3 Torr (dotted lines) and 1  10-2 Torr (solid lines). 
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amorphization and (101)-preferred growth, resulting in the epitaxial growth on the seed 

layer and thus improved transport properties. Although substrate temperature of 300 °C is 

still too high to deposit on ordinary plastic substrates, deposition on polyimide and soda-

lime glass substrates is possible at the temperature. These findings would eventually pave 

the way for future PVCs with low cost and/or weight. 

 

6.4 Summary 

I investigated how the growth parameters such as oxygen partial pressure and 

substrate temperature affect structure and transport properties of TTO films in detail. (101)-

preferred growth, which probably originated from energetically stable nature of oxygen 

deficient (101) plane, was observed for TTO films on glass grown under oxygen poor 

ambient. The preferred growth gradually changed from (101) to (110) with the increase of 

oxygen partial pressure, probably due to lowest surface energy of stoichiometric (110) 

plane. TTO films grown under oxygen rich ambient showed reduced ne, suggesting carrier 

compensation in the film due to excess oxygen. On the other hand, TTO films grown under 

oxygen poor ambient showed no decrease in ne but drastic decrease in H. As substrate 

temperature decreased, TTO films both with and without anatase TiO2 seed layers showed 

gradual and rapid decrease in ne and H, respectively. At low substrate temperatures, 

amorphization and (101)-preferred growth of TTO competed with epitaxial growth on the 

seed layer. Introducing sufficient process oxygen suppressed such unwanted film growth, 
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resulting in the epitaxial growth of the TTO films on the seed layer and thus improved 

transport properties. 
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Chapter 7 Transport Properties of W-Doped 

SnO2 Films: Possible Enhanced Mobility* 

In this chapter, transport properties of SnO2 films doped with various elements such 

as Sb, Nb, Mo, and W were compared with those of undoped SnO2 and TTO films. W-

doped SnO2 (WTO) films exhibited high values in both ne and H comparable with TTO 

films whereas Sb-, Nb-, and Mo-doped SnO2 films showed rather poor transport properties. 

Optimized WTO films grown on anatase TiO2 seed layers exhibited H of 84 cm2V-1s-1 at  

ne = 2.1 × 1020 cm-3. The H value was slightly higher than those for TTO films, and was 

obtained at reduced ne compared with the TTO films. Furthermore, the WTO films on bare 

glass substrates showed moderately high H exceeding 50 cm2V-1s-1 even without the seed 

layers. These results suggest that W-doping might improve H of SnO2 possibly due to 

passivation of dangling bonds at grain boundaries via partial segregation.  

 

7.1 Introduction 

In the previous chapters, Ta was used as the dopant for SnO2 to obtain appropriate 

ne without deteriorating crystallinity due to excessive oxygen vacancies. In this chapter, I 

                                                   
* A version of this chapter has been published in Phys. Status Solidi C 8, 543 (2011). 
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explored several elements for a potential dopant that enhances not only ne but also H, as 

demonstrated in In2O3-based TCOs (Table 1.2). 

To date, F, Sb, and Ta have been extensively investigated as the dopants for SnO2 

whereas other elements have been rather poorly studied. Halogen elements such as Cl, Br, 

and iodine have been regarded as dopants with lower doping efficiency than F [103, 104]. 

Pnictogens (Group 15 elements) such as N, P, As, Bi have been sometimes investigated 

because Sb is one of the most well-known dopants for SnO2. A few studies clearly showed 

carrier generation in SnO2 by P- [105, 106] and As-doping [97] whereas neither N nor Bi 

has been regarded as dopants at present. H and Li at interstitial sites are sometimes 

supposed to act as potential dopants for oxides. To date, however, the site of H [107] and Li 

in SnO2 lattice has been controversial. A group 5 element, Nb, and group 6 elements, Mo 

and W, are potential candidates owing to close ionic radius to Ta5+ and Sn4+ [108]. Unlike 

Ta exhibiting very high doping efficiency, no studies on Nb-doped SnO2 have reported 

such high doping efficiency (see introduction of appendix B). Effect of Mo-doping on SnO2 

has been controversial; a study on Mo-doped SnO2 by reactive evaporation [109] reported 

high ne for the films whereas sputtered Mo-doped SnO2 showed identical transport 

properties to those for undoped SnO2 [110]. In contrast to Nb and Mo, low  and high ne 

have been found in W-doped SnO2 (WTO) [111, 112, 113, 114, 115, 116]. However, none 

of these studies focused on possible enhancement in H. 

In this chapter, I explored various dopants other than Ta for higher H: Sb, Nb, Mo, 

W, and Bi. However, preliminary experiments on Bi-doped SnO2 revealed that increase in 

 and coloration of the films, suggesting that Bi exited as Bi3+ rather than Bi5+ [117]. 
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Therefore, I focused on Sb, Nb, Mo, and W. Transport properties of SnO2 films doped with 

these elements grown on various substrates were investigated in the former part of this 

chapter. I found that the transport properties of WTO comparable with TTO. Then, WTO 

films grown on anatase TiO2 seed layer were optimized in the later part of this chapter, 

resulting in high H exceeding 80 cm2V-1s-1 with reduced ne. 

 

7.2 Experimental 

SnO2 films doped with 1 at% Sb, Nb, Mo, and W were deposited by PLD with a 

repetition rate of 2 Hz at an oxygen partial pressure of 3  10-3 Torr and a substrate 

temperature of 600 °C. To suppress possible sublimation of dopants, Sn0.99Mo0.01O2 and 

Sn0.99W0.01O2 targets were sintered at 500 °C and 850 °C, respectively. A target of 

Sn0.99Sb0.01O2 was purchased from Toshima MFG. Substrates for the film growth were bare 

glass, Al2O3 (0001), and glass covered with rutile and anatase TiO2 seed layers. The 

preparation method for the seed layers were described in chapters 4 and 5. The thickness of 

the SnO2 films was 135  25 nm.  

Sn1-yWyO2 (WTO) films with y = 0.003~0.05 were deposited on glass with and 

without anatase TiO2 seed layers by PLD with a repetition rate of 2 Hz at an oxygen partial 

pressure of 1  10-2 Torr and a substrate temperature of 600 °C. The typical thickness of the 

WTO films was 200 nm. Thicker films with Rs below 10 sq.-1 were used for optical 

measurements. 

  



 

 - 97 - 

 

Fig. 7.1. (a) , (b) ne, and (c) H of undoped SnO2 (squares) and SnO2 doped wit Ta (circles), Nb (triangles), W (inverted 

triangles), Sb (diamonds), and Mo (crosses) on various substrates. Al2O3 denotes Al2O3 (0001) single crystalline substrate 

whereas anatase and rutile denote glass substrates covered with 10-nm-thick anatase and rutile TiO2 seed layers, 

respectively. Solid lines are guides to eyes. 

 

Fig. 7.2. XRD patterns of WTO films on (a) bare glass and (b) glass covered with anatase TiO2 seed layers. The bar charts 

show the XRD pattern of bulk SnO2 (JCPDS 41-1445). The inset of (b) shows a schematic drawing of the film structure. 
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7.3 Results and Discussion 

(1) Comparison of Sb-, Nb-, Mo-, and W-Doped SnO2 with Undoped and Ta-

Doped SnO2 

Structures of the SnO2 films doped with 1 at% Sb, Nb, Mo, and W were mainly 

determined by substrates and rather insensitive to dopant species in a similar manner to 

chapters 3, 4, and 5. The films on bare glass, Al2O3 (0001), and glass covered with rutile 

and anatase TiO2 seed layers were polycrystalline, (100)-epitaxial, (110)-preferred, and 

(100)-preferred films, respectively. Figure 7.1 shows a comparison of transport properties 

of the films with undoped SnO2 and TTO. As shown in Fig. 7.1(b), the ne values of these 

films were higher than those for undoped SnO2 films (1~2 × 1019 cm-3), demonstrating that 

doped elements more or less released electrons. W-doped films exhibited rather high ne of 

approximately 2 × 1020 cm-3 together with high H comparable with TTO. Thus, detailed 

transport properties of W-doped films were investigated further and were presented later in 

this chapter. Interestingly, ne values for Nb-doped films showed strong dependence on 

substrates, which is discussed in appendix B. Contrary to the previous study [54] on Sb-

doped epitaxial films, in which 100% doping efficiency and high ne up to 3 × 1020 cm-3 

were reported, Sb-doped films were characterized by rather low ne less than 1 × 1020 cm-3. 

Because actual Sb concentrations in the films are unknown, possible reduced Sb 

concentration due to re-evaporation might well result in the low ne values of the Sb-doped 

films. Mo-doped films were apparently unpromising due to low values in both ne and H. 
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Fig. 7.3. (a) , (b) ne, and (c) H of WTO films on glass (circles) and anatase TiO2 seed layers (squares) as a function of W 

content, y, in Sn1-yWyO2. The thick solid and dashed lines in (b) represent estimated ne values assuming that each doped W 

in nominal concentration released one and two electrons, respectively. 
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These results demonstrate that W is a promising dopant comparable with Ta whereas Nb, 

Sb, and Mo are undesirable ones. 

 

(2) Detailed Transport Properties of W-Doped SnO2 Films 

Next, I present results on WTO films with various W concentrations, y. Figure 7.2 

compares the XRD patterns of the WTO thin films deposited on glass substrates with and 

without anatase TiO2 seed layers (hereafter in this chapter shortly referred to as the seed 

layer), respectively. As seen in Fig. 7.2(a), the WTO films without the seed layers had the 

polycrystalline form with random grain orientations. It is also noticeable that the intensity 

of the 101 diffraction peak monotonically increased with increasing y. In contrast, the WTO 

films on the seed layers exhibited a preferred (200) orientation irrespective of y, 

demonstrating the epitaxial growth on the seed layer. A similar crystallographic behavior 

depending on the seed layer has been observed in TTO films in chapter 5. 

Figure 7.3 shows the room-temperature transport properties of the WTO films. The 

minimum value of  in the WTO films on glass was approximately 7 × 10-4 cm at around 

y = 0.02, which is very close to the value reported for WTO films grown using pulsed 

plasma deposition [113, 114]. The value of  was decreased further, down to  

3.5 × 10-4cm (y = 0.015), by using the seed layer. It should be noted that this value is 

lower than those for Sb-doped [73] and F-doped [74] SnO2 grown by PLD. In the lightly 

doped region with y < 0.01, the ne value of the WTO films on the seed layers was almost 

proportional to y, as shown in Fig. 7.3 (b). Meanwhile, for y > 0.01, ne tended to shift 

downward from the linear ne-y relation, and reached the maximum, 2.4 × 1020 cm-3, at y = 
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0.03. The ne values of the WTO films on glass were approximately 20% lower than those of 

the WTO films on the seed layers over the entire y region. Unlike TTO, the ne values for 

the WTO films were lower than the expected ne values assuming that each doped W in 

nominal concentration released one or two electrons. This indicates that doping efficiency 

of W were inferior to that of Ta. As shown in Fig. 7.3(c), the H values of the WTO films 

on the seed layers were much larger than those of the WTO films on glass, and the 

maximum H of 84 cm2V-1s-1 (ne = 2.1 × 1020 cm-3,  = 3.5 × 10-4 cm) was obtained at y = 

0.015. This H value was slightly higher than those for TTO films (chapter 5), and was, 

more importantly, obtained at reduced ne compared with the TTO films. The enhancement 

of H was more prominent in the lightly doped region, where grain boundary scattering 

dominated H. 

Next, I compared the transport properties of the WTO films with those of TTO 

films in detail, as shown in Fig. 7.4. The transport properties of the WTO films on the seed 

layer were rather comparable with those of the TTO films grown on the seed layers. 

However, a remarkable difference is seen in ne; the maximum value of ne for the TTO films 

on the seed layers was 6.8 × 1020 cm-3, which is noticeably larger than that of the WTO 

films on the seed layers, 2.4 × 1020 cm-3. In contrast, the maximum H values for the WTO 

and the TTO films on the seed layers were almost equivalent and exceeded 80 cm2V-1s-1. 

This is because the H values were mainly determined by structural parameters such as the 

grain size and orientation, which were strongly influenced by the seed layers. Here, it 

should be noted that the WTO films on glass showed much higher H than the TTO films 

on glass at ne > 1 × 1020 cm-3; some WTO films exhibited H exceeding 50 cm2V-1s-1  
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Fig. 7.4. Comparison of ne and H values for WTO (circles) and TTO (squares) films on glass (open symbols) and anatase 

TiO2 seed layers (squares) with the target value in this study (diamond) . 

 

Fig. 7.5. Transmittance and reflectance spectra of a WTO with y = 0.015 on the anatase TiO2 seed layer. Inset shows 

transport properties of the WTO film.  
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Fig. 7.6. Theoretically calculated partial density of states of W-doped SnO2. [118] (Copyright (2012) Elsevier) 

 

 

Fig. 7.7. Theoretically calculated values of effective mass for SnO2 doped with various elements. [119] (Copyright (2014) 

American Chemical Society) 
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whereas even thick TTO films (Fig. 5.5) showed H below 50 cm2V-1s-1. This result 

suggests that W-doping might improve H of SnO2. 

Figure 7.5 shows the transmittance and reflectance spectra of a WTO film with y = 

0.015 on the seed layer. The Rs value of the film was 9.1 sq.-1, as shown in the inset of 

Fig. 7.5. Obviously, the WTO film exhibited high transparency in both the visible and NIR 

regions due to the low ne and high H. A transmittance greater than 70% was obtained in 

the wavelength region of 400~1950 nm, which is wider than those obtained for the TTO 

films (chapter 5) owing to the reduced ne of the WTO film.  

Thus far, W-doping effects on SnO2 were theoretically studied using first principles 

calculations [118, 119]. As shown in Fig. 7.6 [118], partial density of states around fermi 

energy was formed by W-doping, being consistent with the experimentally observed 

systematic carrier generations in WTO. On the other hand, possible enhanced H is not 

straightforward; calculated effective mass in WTO was slightly larger than those in TTO 

and FTO [119], as shown in Fig. 7.7. I speculate that segregated W at grain boundaries, 

which was consistent with reduced doping efficiency, might result in passivation of 

dangling bonds and thus reduced barrier height at the grain boundaries. Unfortunately, such 

effects are difficult to demonstrate neither experimentally nor theoretically.  

 

7.4 Summary 

Structures and transport properties of the SnO2 films doped with 1 at% Sb, Nb, Mo, 

and W were investigated. The film structures were mainly determined by substrates and 
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rather insensitive to dopant species. The WTO films exhibited high values in both ne and H 

comparable with TTO films whereas the Sb-, Nb-, and Mo-doped SnO2 films showed rather 

poor transport properties.  

Transport properties of WTO films with various y were investigated in detail. 

Optimized WTO films with y = 0.015 grown on anatase TiO2 seed layers exhibited  

H = 84 cm2V-1s-1 (ne = 2.1  1020 cm-3,  = 3.5  10-4 cm). This H value was slightly 

higher than those for the TTO films, and was obtained at reduced ne compared with the 

TTO films. Unlike TTO, the ne values for the WTO films were lower than the expected ne 

values assuming that each doped W in nominal concentration released one or two electrons. 

In addition, the maximum value of ne for the WTO films on the seed layers was  

2.4 × 1020 cm-3, which is noticeably lower than that of the TTO films on the seed layers,  

6.8 × 1020 cm-3. These results indicate that doping efficiency of W were inferior to that of 

Ta. Interestingly, WTO films on bare glass without the seed layers exhibited H exceeding 

50 cm2V-1s-1, which is significantly higher than those for TTO films on glass. These results 

suggest that W-doping might improve H of SnO2 possibly due to passivation of dangling 

bonds at grain boundaries via partial segregation. The WTO film with y = 0.015 exhibited 

an optical transmittance of over 70% at wavelengths ranging from 400 to 1950 nm, which 

is wider than those obtained for the TTO films owing to the reduced ne of the WTO film. 
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Chapter 8 High Mobility Exceeding 130 cm2V-1s-1 

in W-doped SnO2 Thin Films on Glass Using Seed 

Layers of Rutile (Ti,Nb)O2 Solid Solution 

I investigated the structural and transport properties of WTO films grown on seed-

layers that were lattice-matched to SnO2 along the a-axis. Rutile (Ti,Nb)O2 solid solutions 

were used as the seed layer with systematically controlled a-axis length. WTO films grown 

on TNO with z = 0.45 and 0.5 showed (001)-preferred growth which was most likely 

realized by epitaxially stabilized (001) nuclei via a nearly perfect lattice-match in the a-axis 

of TNO to SnO2. The WTO films with the (001)-preferred growth exhibited an 

overwhelmingly high H value of 136 cm2V-1s-1 at ne = 1.4  1020 cm-3. As a consequence 

of this very high H with reduced ne, the WTO films with low Rs values of approximately 

10 sq.-1 exhibited a low absorption of 3.5% at the wavelength of 1400 nm. These 

properties sufficiently meet the requirement for the electrode of the next-generation full-

spectrum PVCs. 
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8.1 Introduction 

In the previous chapters, I have explored various dopants and seed layers to enhance 

the H value of SnO2. The best result, H = 84 cm2V-1s-1 at ne = 2.1  1020 cm-3, was 

obtained for W-doped SnO2 films on anatase TiO2 seed layers. Although the H value 

exceeded the milestone of this study (80 cm2V-1s-1), a further decrease in ne to 1  1020 cm-3 

is necessary.  

Historically, material exploration has advanced from simple elements to compounds 

with more and more complicated compositions, sometimes involving dramatically 

improved properties. A good example is the transition temperature of superconductivity 

[120]. Pure elements such as Nb and Pb show superconductivity at several K. Binary 

compounds such as Nb3Ge and MgB2 exhibit transition temperatures on the order of 10 K. 

Superconductivity above 100 K at ambient pressure is only obtained for cuprates like 

Bi2Sr2Ca2Cu3O10 with very complicated compositions and structures. Thus, one possible 

way to achieve higher H for SnO2 films is through exploration in more complicated 

systems, such as co-substitution as doping and ternary oxides as seed layers. 

In this study, I focused on ternary oxides. More specifically, I focused on solid 

solutions of binary rutile oxides as the seed layer for SnO2. It is well-known that some pairs 

of rutile oxides form wide ranges of, or perfect, solid solutions [121]. Rutile TiO2 and 

NbO2, which were separately examined for the use of the seed layer of SnO2 in chapter 4, is 

the pair that forms a perfect solid solution [122]. Figure 8.1 shows lattice parameter data for 

rutile Ti1-zNbzO2 (TNO) [122] together with SnO2, obtained from literature. Clearly, the a-
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axis length of TNO increases linearly as Nb concentration (z) increases, demonstrating that 

TNO follows Vegard's law and is thus a perfect solid solution. Here, it should be stressed 

that the a-axis length of SnO2 is longer and shorter than those of TiO2 and NbO2, 

respectively. Therefore, solid solutions of TiO2 and NbO2 are expected to show better 

lattice matching to SnO2 along the a-axis than unalloyed TiO2 and NbO2. Even perfect 

lattice matching to SnO2 along the a-axis might be achieved by using TNO with z ~ 0.6, as 

shown in the inset of Fig. 8.1(a). Unlike the a-axis length, the c-axis length of TNO shows a 

deviation from Vegard's law. The c-axis length of TNO always yields larger than expected 

values from Vegard's law, and shows the maximum value of 0.300 nm at z ~ 0.5. These 

behaviors are probably related to the structural order in NbO2: dimerized Nb atoms along 

the c-axis. Because the order is destroyed by Ti substitution [122], the c-axis length of TNO 

is probably explained by a convolution of Vegard's law and the disorder in dimerization 

along the c-axis. The c-axis length of TNO is always smaller than that of SnO2. However, 

the mismatch between SnO2 and TNO is relatively small, around z ~ 0.6, at which perfect 

lattice matching along the a-axis is expected. 

In this chapter, I investigated the structural and transport properties of WTO films 

grown on seed layers of TNO with various z. The WTO films grown on TNO with z = 0.45 

showed (001)-preferred growth, which was most likely achieved by epitaxially stabilized 

(001) nuclei due to a-axis lattice matched TNO. Furthermore, the WTO film exhibited an 

overwhelmingly high H value of 136 cm2V-1s-1 at ne = 1.4  1020 cm-3, which is 70% 

higher than the target value of 80 cm2V-1s-1. 
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Fig. 8.1. Comparison of (a) a-axis and (b) c-axis length for rutile Ti1-zNbzO2 (TNO) solid solutions (circles) and SnO2 

(broken lines). Insets show corresponding lattice mismatch of SnO2 to TNO. The data for TNO and SnO2 are taken from 

ref 120 and JCPDS 41-1445, respectively. 

 

Fig. 8.2. XRD patterns of Sn0.994W0.06O2 films on Ti1-zNbzO2 (TNO) solid solution seed layers. 
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8.2 Experimental 

Ten nm thick amorphous precursor films for TNO solid solution seed layers were 

deposited on unheated alkaline-free glass substrates by PLD at a repetition rate of 5 Hz. 

Sintered pellets of Ti1-zNbzO2+z/2 were used as PLD targets. No oxygen was introduced for 

the deposition of TNO with z ≥ 0.6, whereas a small amount of oxygen with a partial 

pressure of 3  10-6 Torr was introduced for the deposition of TNO with z ≤ 0.5. The 

amorphous precursor films for the seed layers were then annealed at 600 °C in the PLD 

chamber to produce TNO with various z values. WTO with y = 0.06 (Sn0.994W0.006O2) films 

were subsequently grown on the TNO seed layers at an oxygen partial pressure of 5  10-3 

Torr and a substrate temperature of 600 °C. The typical thickness of the WTO films was 

135  15 nm. Thicker films with Rs below 10 sq.-1 were used for optical measurements. 

 

8.3 Results and Discussion 

Figure 8.2 shows the XRD patterns of the WTO films grown on the TNO seed 

layers with various z values. The WTO films on unalloyed TNO, TiO2 and NbO2, showed 

XRD patterns consistent with those presented in the previous chapters. The WTO films on 

moderately alloyed TNO showed XRD patterns similar to those for the WTO films on the 

unalloyed TNO. In contrast, the WTO films grown on heavily alloyed TNO with z = 0.45 

and 0.5 showed a characteristic feature: (001)-preferred growth. Figure 8.3 shows cross 

sectional TEM images of the WTO film on the TNO with z = 0.45.  
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Fig. 8.3. (a) High magnification and (b) wide field of view cross-sectional TEM images of the Sn0.994W0.006O2 film on 

Ti0.55Nb0.45O2. Image (a) was taken at the location shown as the square in (b). Parallel lines with spacing of 0.32 nm in (a) 

are guides to eyes. 
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The lattice fringes parallel to the substrates in the major domain of the WTO layer 

showed interplanar spacing of 0.32 nm, which is in good agreement with c-axis length of 

SnO2. Although minor WTO domains with other orientations were observed near the 

WTO/TNO interface, competing (001)-oriented major domains took over the minor 

domains in the early growth stage. These TEM observations are consistent with the XRD 

pattern for the WTO film. As discussed in Chapter 6, preferred growth with various low 

index surfaces such as (110), (101), (100), and (211) have been reportedly observed for 

SnO2 films even without epitaxial stabilization. However, to my knowledge, (001)-

preferred growth of SnO2 films has never been reported. This is most likely because the 

(001) plane is the most energetically unstable among various low-index surfaces of SnO2 

[98], and thus the nucleation of the (001) planes is nearly impossible on amorphous 

substrates. I infer that perfect lattice matching of the a-axis of the heavily alloyed TNO seed 

layers might stabilize the (001)-nuclei of SnO2. On the other hand, nucleation with other 

orientations is supposedly unfavorable, because of the large lattice mismatch between the c-

axis of TNO and SnO2.  

 

 

 

Fig. 8.4. Model for (001) oriented growth of SnO2 on TNO seed layer. (a) Epitaxial stabilization of (001) nuclei owing to 

perfect a-axis lattice matching. (b) High speed growth of {111} faces. (c) Dominant growth of (001)-oriented SnO2. 
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The (001) nuclei of SnO2 probably covered the surface of the seed layers partially 

due to polycrystalline nature of the seed layers. Nevertheless, the optimized WTO films 

exhibited dominant (001) growth as seen in the XRD and TEM measurements. The 

mechanism behind the (001) growth of the WTO films can be explained as follows (Fig. 

8.4). Lateral growth of (001) plane is unlikely due to energetically unstable nature of the 

plane. Thus, another growth mode should be considered. High speed growth along [001] 

via highly reactive {111} faces was observed for bulk single crystals of SnO2 grown under 

oxygen deficient conditions [123]. If this growth mode is realized in the present study, high 

speed diagonal growth via {111} faces on the (001) nuclei will take over growth from 

nuclei with other orientations. This model is consistent with the TEM observations. 

The most prominent (001)-preferred growth was observed at z = 0.45, which is 

lower than the expected z ~ 0.6, based on the room temperature literature data (Fig. 8.1). 

This discrepancy could be explained by a few reasons: compositional deviation from 

nominal values, difference in coefficients of thermal expansion, and lattice expansion due 

to oxygen off-stoichiometry. Although I performed no compositional analysis for the TNO, 

Furubayashi et al. observed significant compositional deviation in anatase Nb-doped TiO2 

epitaxial films grown by PLD. The analyzed composition (Ti0.64Nb0.36O2) was Nb-rich 

compared to the nominal value (Ti0.7Nb0.3O2) [15]. Thus, the actual value for nominal z = 

0.45 might be close to z = 0.6. Estimating the contribution of the difference in the 

coefficients of thermal expansion is difficult because the values for the alloyed TNO are 

unknown. The coefficients of thermal expansion along the a-axis for SnO2, TiO2, and NbO2 

are reportedly 4.0 × 10-6, 8.5 × 10-6 [124], and 2.5 × 10-6 °C -1 [125], respectively. On the 

basis of these values, the calculated coefficient of thermal expansion along the a-axis for 
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TNO with z = 0.45, assuming linear interpolation [126], is 5.8 × 10-6 °C -1. Thus, the 

difference in thermal expansion at the growth temperature (600 °C) compensates for the 

0.0005 nm (0.1%) lattice mismatch, which corresponds to a difference of 0.02 in z. These 

estimations indicate that the difference in the thermal expansion, albeit unignorable, cannot 

explain the lattice matching of TNO with z = 0.45 to SnO2 alone. Consequently, I speculate 

that the lattice expansion of TNO owing to oxygen off-stoichiometry plays a major role in 

the lattice matching of TNO with z = 0.45 to SnO2. 

Next, I discuss the transport properties of the WTO films. Figure 8.5 shows the 

room temperature transport properties of the WTO films grown on TNO with various z 

values. For comparison, the transport properties for a WTO film grown on bare glass are 

plotted as the broken lines. As shown in Fig. 8.5(b), the WTO films on TNO showed ne 

values of 1.19–1.51  1020 cm-3, which were almost identical to that for the WTO film on 

bare glass, 1.24  1020 cm-3. A slightly decreasing tendency in ne with the increase in z 

might be explained by effects of epitaxial strain on carrier generation, similar to those 

observed in Nb-doped SnO2 (see appendix B). The increase in ne around z = 0.4–0.5 might 

indicate termination of planar defects inside the films, which will be discussed in detail 

later in this chapter. 

 

 

  



 

 - 115 - 

 

Fig. 8.5. Room temperature (a) , (b) ne, and (c) H of the Sn0.994W0.006O2 films grown on Ti1-zNbzO2 seed layers with 

various z. The broken lines represent the transport properties of the Sn0.994W0.006O2 film grown on bare glass substrate. 
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Surprisingly, the WTO films with (001)-oriented growth exhibited dramatically 

enhanced H. As shown in Fig. 8.5(c), the WTO films on the TiO2 and NbO2 seed layers 

showed H values of 55 and 72 cm2V-1s-1, respectively, which were higher than that for the 

WTO film on bare glass, 37 cm2V-1s-1. As the alloying of the TNO seed layers proceeded, 

the WTO films on the alloyed TNO seed layers showed systematically increased H values 

compared with the WTO films on the unalloyed TNO. In addition to the systematic 

increase in H, dramatically enhanced H values, which exceeded 100 cm2V-1s-1, were 

obtained for the WTO films on heavily alloyed TNO with z = 0.45 and 0.5. In particular, 

the WTO films on TNO with z = 0.45 exhibited overwhelmingly high H values of  

136 cm2V-1s-1 with ne = 1.4  1020 cm-3. This H value is the highest among doped and 

undoped SnO2 films, including the epitaxial films, as shown in Fig. 8.6. It should be noted 

that the obtained H value of 136 cm2V-1s-1 is 70% higher than the target H value of  

80 cm2V-1s-1. This 70% margin suggests that high H values exceeding 80 cm2V-1s-1 might 

be achieved for SnO2 films fabricated even in disadvantageous processes, such as low 

temperature deposition and sputtering.  

In order to obtain insights into the carrier transport mechanism of the WTO film 

with the highest H value, the temperature dependence of ne and H for the WTO film was 

measured, as shown in Fig. 8.7. The ne for the WTO film was independent of temperature, 

indicating that the WTO film is a degenerate semiconductor. The temperature dependence 

of the H value for the WTO film showed a negative coefficient, demonstrating that phonon 

scattering significantly contributes to H. The H value at low temperatures, where phonon 

scattering is negligibly small, was 200 cm2V-1s-1. This value is in fair agreement with the  
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Fig. 8.6. Comparison of the transport properties of the highest H film in this study (circles) with calculated and literature 

values. The dashed line represents calculated values assuming that only ionized impurity scattering contributes H 

whereas the solid line represents calculated values taking additional phonon scattering into account (see appendix A). The 

data for bulk single crystals (squares), epitaxial films (triangles), and polycrystalline films (diamonds) are from [32, 33], 

[44, 47, 54, 55], and [6], respectively. Solid symbols are data measured at room temperature whereas the open symbol was 

the datum measured at 10 K (see Fig. 8.7). 

 

Fig. 8.7. Temperature dependence of H and ne (inset) for the Sn0.994W0.006O2 film on Ti0.55Nb0.45O2. 
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intrinsic limit by ionized impurity scattering (see appendix A for calculation), as shown in 

Fig. 8.6. This result suggests that the carrier transport in the WTO film is mainly dominated 

by ionized impurity scattering at low temperature. At room temperature, the contribution of 

phonon scattering should be taken into account. In this study, I employed literature data 

[32] for bulk single crystals (260 cm2V-1s-1) for simplicity and used Matthiessen's rule to 

calculate H. Again, the experimental H value at room temperature agrees fairly with the 

calculated H value, assuming that only phonon and ionized impurity scatterings contribute 

to H. These results indicate that the carrier transport in the WTO film with the highest H 

value can be explained by only phonon and ionized impurity scatterings, and thus other 

factors such as grain boundary scattering are negligible. 

At present, it is still unclear why the grain boundary scattering in the WTO films on 

heavily alloyed TNO is significantly suppressed compared with that on the SnO2 films in 

the previous chapters. However, the strong correlation of (001)-oriented growth (Fig.8.2) 

with the H values (Fig. 8.5(c)) suggests that (001)-oriented growth plays a key role. I 

speculate that {101} CSPs, which are frequently observed for epitaxial SnO2 films, act like 

grain boundaries [49] and dominate transport properties of the SnO2 films. The {101} CSPs 

are mainly induced by misfit dislocations near the substrate/film interface, and propagate as 

film thickness increases. The propagation of {101} CSPs sometimes stops during film 

growth with oxygen vacancies left at the termination sites. In addition, the crashing of two 

CSPs into each other can stop the propagation without additional defects [50]. Nevertheless, 

some of the CSPs survive even near the film surfaces, as observed in (101) and (100) 

epitaxial SnO2 films by TEM [49, 50]. Such CSPs should work as a grain boundary [49].  
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Table 8.1. Dihedral angles between {101} crystallographic shear planes (CSPs) and basal planes of SnO2 with various 

orientations. 

Orientation (110) (101) (100) (001) 

Dihedral angle (deg.) 66.8 0, 46.5 90, 56.1 33.9 

 

 

 

Fig. 8.8. (a) Transmittance and absorption spectra of the Sn0.994W0.006O2 film on Ti0.55Nb0.45O2. Inset shows the transport 

properties of the film. (b) Standard reference solar spectrum (AM1.5G). 
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Here, the orientation of the SnO2 films is highly critical to the propagation of the {101} 

CSPs. Table 8.1 summarizes the dihedral angles between {101} CSPs and basal planes of 

SnO2 with various orientations. Notably, (001)-oriented SnO2 has the smallest dihedral 

angle to {101} CSPs among SnO2 with various orientations. This indicates that (001)-

orientation is the most energetically unfavorable for the CSP propagation, and thus most of 

the CSPs in (001) SnO2 films might terminate inside the film. I planned direct visualization 

of {101} CSPs in (001) epitaxial SnO2 films, and revealed that the CSPs indeed stopped 

propagation inside the films in the early stage of film growth [127]. A slight increase in ne 

at z = 0.4–0.5 might result from oxygen vacancies at the termination sites of the CSPs 

inside the films. On the basis of the abovementioned discussion, the effect of the TNO 

composition on of the H value for the WTO films can be explained as follows. The gradual 

and systematically increased H value associated with the alloying of TNO results from the 

reduced density of the CSPs, owing to reduced misfit dislocations. The dramatically 

enhanced H value at z = 0.45 and 0.5 originates from termination of the CSPs induced by 

the (001)-oriented growth of the WTO films.  

Finally, I briefly mentioned optical properties of the WTO films with very high H 

values. Figure 8.8 shows the transmittance, reflectance, and absorption spectra of the WTO 

film together with the transport properties. Although slight absorption of a few % due to the 

TNO seed layer was observed around 500 nm, the absorption would be reduced in films 

with thinner seed layers. The WTO films with very high H exhibited a very wide 

transparency window together with sufficiently low Rs, which is suitable for PVC 

application. The film exhibited a transmittance of over 70% in the range of 365–2455 nm, 



 

 - 121 - 

which is substantially wider than those obtained for other films investigated in this study. 

Moreover, the film exhibited absorption of 3.5% at the wavelength of 1,400 nm, which is 

lower than the target value (5%) in this study. The excellent transparency in NIR region of 

the WTO film would significantly enhance conversion efficiency of the next-generation 

full-spectrum PVCs. 

 

8.4 Summary 

Using rutile TNO solid solutions as the seed layer, I investigated the effects of 

lattice matching on the structural and the transport properties of WTO films. WTO films 

grown on TNO with z = 0.45 and 0.5 showed (001)-preferred growth. The preferred growth 

was probably realized by epitaxially stabilized (001) nuclei via nearly perfect lattice 

matching in the a-axis of TNO to SnO2. The WTO films with the (001)-preferred growth 

exhibited an overwhelmingly high H value of 136 cm2V-1s-1 at ne = 1.4  1020 cm-3. I 

speculate that the dramatically enhanced H value originates from not only the decreased 

density of misfit dislocations, but also the (001)-orientation; (001)-oriented growth would 

more effectively suppress propagation of {101} planar defects than growth in other 

orientations. The {101} planar defects might well act as grain boundary. As a consequence 

of very high H with reduced ne, the WTO films with low Rs values of ~10 sq.-1 exhibited 

low absorption, 3.5%, at the wavelength of 1400 nm. These properties sufficiently meet the 

requirement for the electrode of the next-generation full-spectrum PVCs.  
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Chapter 9 Conclusions 

In this study, I have established the guiding principle of materials design for high H 

SnO2 films with low ne for transparency in the full ultraviolet-to-NIR spectrum of sunlight. 

The guiding principle includes epitaxial growth using seed layers, use of W as a preferred 

dopant, and lattice parameter engineering using a solid solution. Consequently, I have 

successfully developed SnO2-based TCOs that can transmit the full ultraviolet-to-NIR 

spectrum of sunlight. The optimized films exhibited very low absorption < 5% at a 

wavelength of 1400 nm, together with low Rs values of ~10 sq.-1, which was realized by 

an extremely high H value (136 cm2V-1s-1 at ne of 1  1020 cm-3). I believe that these 

findings would be eventually transferred to industrial deposition methods such as sputtering, 

which would lead to massive production of TCOs suitable for the next-generation full-

spectrum PVCs. In this chapter, I summarize the obtained results and discuss future 

prospects in applied research and basic science. 

 

9.1 Summary  

In this study, I have developed SnO2-based TCOs that can transmit the full 

ultraviolet-to-NIR spectrum of sunlight for next-generation PVCs. The transport properties 

obtained in this study are summarized in Fig. 9.1. The goal of this study was to achieve a 

H value of 80 cm2V-1s-1 at ne = 1  1020 cm-3, which will yield free carrier absorption less 
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than 5% at 1400 nm. I first compared the transport properties of randomly oriented 

polycrystalline TTO films on glass substrates with those of epitaxial TTO films on Al2O3 

(0001) substrates. The polycrystalline TTO films showed much lower H values of  

30–40 cm2V-1s-1 than the epitaxial TTO films, suggesting that high angle grain boundary in 

the polycrystalline TTO films significantly suppressed the H values.  

On the basis of results, I conceived an idea that the use of appropriate seed layers 

would realize epitaxial growth of SnO2 on glass substrates and might enhance the H of 

SnO2 films. This idea was first tested by using materials isostructural to SnO2, namely 

rutile TiO2 and NbO2, as the seed layers. Consequently, 10-nm-thick rutile TiO2 and NbO2 

seed layers on glass substrates were found to promote (110)-preferred growth of TTO. 

Furthermore, the TTO films grown on the seed layers showed high H values of  

66–68 cm2V-1s-1, which is comparable to that of the epitaxial TTO films on Al2O3 (0001) 

substrates. These results clearly demonstrate that the seed layer method is indeed effective 

for achieving high H for SnO2 films.  

Then, I expanded material exploration for the seed layer from rutile oxides to binary 

oxides using several selection criteria: oriented growth, high crystallinity, large grain, 

availability, and nontoxicity. As a result, I found that anatase TiO2 seed layers unexpectedly 

promoted (100)-preferred growth of SnO2. Furthermore, the optimized TTO films on the 

anatase TiO2 seed layers exhibited a very high H value of 83 cm2V-1s-1 at 

ne = 2.7  1020 cm-3. This remarkably high H value is the largest ever reported for doped 

epitaxial or polycrystalline SnO2 thin films, and is comparable to the H values of high-H 
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In2O3-based TCOs. More importantly, this is the first result that achieved the target H 

value of 80 cm2V-1s-1, although further reduction in ne without reducing H was required.  

In order to obtain SnO2 films with further reduced ne and enhanced H, I took two 

approaches: dopant optimization, and the use of seed layers with complex composition. I 

explored several elements for a potential dopant that enhances not only ne, but also H, as 

demonstrated in In2O3-based TCOs. Consequently, I found that SnO2 films doped with W 

exhibited slightly better H values than TTO films. The doping efficiencies for the WTO 

films were lower than those for the TTO films, suggesting that some of the doped W might 

locate at grain boundaries and passivate dangling bonds.  

Finally, I extended material exploration for the seed layer of SnO2 from binary 

oxides to ternary oxides. Using rutile TNO solid solutions as the seed layer, I investigated 

the effects of lattice matching on the structural and transport properties of SnO2 films. 

WTO films grown on TNO with z = 0.45 and 0.5 showed (001)-preferred growth. This 

preferred growth was probably realized by epitaxially stabilized (001) nuclei via nearly 

perfect lattice matching along the a-axis of TNO to SnO2. The WTO films with (001)-

preferred growth exhibited an overwhelmingly high H value of 136 cm2V-1s-1 at  

ne = 1.4  1020 cm-3. I speculate that the dramatically enhanced H value originates from not 

only decreased density of misfit dislocation, but also (001)-orientation; (001)-oriented 

growth would more effectively suppress propagation of {101} planar defects, which might 

act more effectively as a grain boundary than growth in other orientations. As a 

consequence of very high H with reduced ne, the WTO films with low Rs values of 

approximately 10 sq.-1 exhibited a low absorption of 3.5% at the wavelength of 1400 nm. 
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These properties sufficiently meet the requirement for the electrode of the next-generation 

full-spectrum PVCs. It should be noted that the obtained H value of 136 cm2V-1s-1 is 70% 

higher than the target value of 80 cm2V-1s-1. The 70% margin suggests that high H values 

exceeding 80 cm2V-1s-1 might be achieved for SnO2 films fabricated even in 

disadvantageous processes: low temperature deposition and sputtering. I believe these 

findings will truly pave the way for massive production of SnO2-based TCOs suitable for 

the next-generation full-spectrum PVCs. 

 

9.2 Future Prospects 

Finally, I discuss the future prospects of this study in applied research and basic 

science in the following section. 

 

(1) Transfer of the Findings to Sputtering 

Most importantly, the findings obtained by PLD in this study must be transferred to 

sputtering for the future use of commercial PVCs. As shown in Fig. 9.2, a research group 

including this author has already confirmed that anatase TiO2 seed layers enhanced the H 

values of sputtered TTO films [128]. However, the maximum H value for the sputtered 

films was 49 cm2V-1s-1, which is still lower than those obtained for PLD films. The origin 

for the decreased H might be hindered epitaxial growth due to the bombardment of high 

energy particles and/or increased in-grain scattering due to sputtering damage [129,130]. 

Future studies should clarify the origin of additional scattering and develop a method that 
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can suppress the scattering. While binary oxides are easily fabricated by sputtering, special 

care should be taken during the sputter-deposition of ternary oxides. I carried out a 

preliminary sputtering study using solid solution seed layers in vain; sputtered WTO films 

on TNO with nominal z = 0.5 showed very weak (001)-preferred growth and a low H 

value of 35 cm2V-1s-1. This is most likely because of compositional deviation [131] of the 

seed layer from the nominal value due to difference in sputtering rate and scattering by the 

process gas. A future study should be carried out with special care dedicated to the actual 

composition of the seed layer. One possible way to reduce absolute compositional deviation 

in Ti and Nb is to use (Ti,Nb,Sn)O2 as the seed layer.  

 

(2) Formation of Textured Surface 

Surface texture is highly critical for conversion efficiencies of thin film Si PVCs 

[132]. This is because light trapping by the surface texture is mandatory to complement the 

low absorption coefficient of Si thin films. Textured surfaces are naturally formed on as-

deposited FTO [133] and B-doped ZnO films [134] grown by CVD, whereas oxide films 

grown by PVD generally possess flat surfaces. To date, many efforts have been dedicated 

to fabricate textured surfaces on Al-doped ZnO films grown by sputtering [135,136]. The 

etching of thick films [135] sometimes combined with annealing and high pressure 

deposition [136] successfully led to textured surfaces on sputtered ZnO films comparable 

with CVD films. However, to my knowledge no attempt has been made to obtain textured 

SnO2 films grown by PVD, probably due to poor etching properties of SnO2.  
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Fig. 9.1. Summary of the transport properties obtained in this study. 

                                                 

Fig. 9.2. (a) , (b) ne, and (c) H of sputtered TTO films on bare glass (open circles) and on anatase TiO2 seed layers 

(closed circles) deposited at various growth temperature. (Copyright (2010) The Japan Society of Applied Physics) 

  

Fig. 9.3. Schematics of a proposed method for fabrication of textured surface on SnO2 films grown by PVD. 
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Here, I propose a possible method for the fabrication of textured SnO2 films by 

PVD. The proposed method is to use an aggregation of metallic Sn as a template for a 

textured surface. Sn metal has a low melting point (231.9 °C) together with low vapor 

pressure at the melting point. In addition, oxide surfaces are poorly wettable by Sn melt, as 

widely observed in daily soldering. Therefore, metallic Sn films on oxide substrates are 

expected to aggregate above the melting point and form self-assembled nano-dots. Kim et 

al. demonstrated Sn nano-dots on glass substrates using this approach [137]. They used the 

nano-dots as a mask for a nano-cone structure, whereas I am planning to use the nano-dots 

as a template for a textured surface. Conveniently, the size of the nano-dots can be 

systematically controlled by thickness of the Sn films. In addition, the nano-dots have a 

hemispheric shape that is desirable for trapping light in the NIR region. The conversion of 

Sn nano-dots into SnO2 by annealing in oxidative ambient would yield transparent textured 

substrates. Finally, doped SnO2 thin films would be deposited on the textured substrates. To 

summarize, the proposed method consists of four steps: deposition of metallic Sn films on 

substrates, formation of nano-dots by heating, oxidization of Sn into SnO2, and deposition 

of doped SnO2 films. 

It should be stressed that this method is compatible with practical sputtering for 

SnO2 deposition. Reactive sputtering using metallic targets has been preferably used to 

deposit doped SnO2 films because of low target cost and high deposition rate. Metallic 

targets such as sintered Sn:Ta [138] and alloyed Sn:Sb [139] can be used to deposit not 

only SnO2, but also metallic Sn. Furthermore, the proposed method requires only one 

additional process (Sn deposition on unheated substrates) to the usual SnO2 deposition; 

aggregation and oxidization of the Sn films are sufficiently completed during substrate 



 

 - 129 - 

heating and pre-sputtering under oxygen flow, respectively, for the SnO2 deposition. 

Therefore, the proposed method is low cost and scalable, in principle. An experimental 

demonstration of this method is underway. 

 

(3) Basic Scientific Issues to Be Addressed 

This study is application-oriented and thus some basic, yet important, scientific 

issues remain unaddressed. Nevertheless, resolving such issues will not only be 

scientifically important, but also practically important, as discussed below. 

One essential issue is to understand grain-boundary scattering in TCOs 

quantitatively and microscopically. The scattering at a high angle grain boundary in 

randomly oriented polycrystalline SnO2 films remains unscreened even in the heavily 

doped region of ne above 5  1020 cm-3 (Fig. 3.3). This behavior is in sharp contrast to 

screened grain boundary scattering in heavily doped ZnO and In2O3. Eliminating the high 

angle grain boundary from SnO2 was demonstrated by using seed layers, resulting in 

dramatically enhanced H. Nevertheless, the remaining low angle grain boundary and CSP 

introduced by the lattice-mismatched epitaxial growth most likely act as the source of grain 

boundary scattering in the lightly doped region of ne below 3  1020 cm-3. However, no 

quantitative analysis of these scatterings has been performed to date. Thus, it is highly 

challenging but worthwhile to propose a microscopic model that can quantitatively predict 

scatterings at the grain-boundaries with various structures, including CSPs. Such a model 

must be highly beneficial for analysis of transport properties of TCOs. 
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The most important issue is most likely to explain the mechanism behind the strong 

influence of growth temperature on both ne and H of SnO2 (Fig. 6.4.). The decrease in ne 

suggests the formation of inactive dopants and/or unfavorable defects such as clustered 

dopants [36] and accepter-like defects [16]. I performed a preliminary analysis on the 

optical mobility of TTO films grown at low temperature and found that the optical mobility 

coincides well with H. This indicates that intra-grain scattering rather than grain boundary 

scattering is responsible for the decreased H value of SnO2 films. It is thus highly 

important to quantitatively clarify the origin of the decreased ne and its influence on H. A 

detailed investigation on lattice parameters assisted by first principle calculations might be 

insightful. Direct determination of defect size by using positron annihilation measurements 

[140] would be highly invaluable. A technique that can suppress the defect formation might 

be developed on the basis of those investigations. Albeit by chance, I succeeded in 

enhancing the doping efficiency of Nb-doped SnO2 using tensile epitaxial strain (see 

appendix B). I believe that scientifically confirmed findings are beneficial for the 

fabrication of high quality SnO2, even at low growth temperatures. 

 

(4) Beyond SnO2 

Although I focused on SnO2 in this study, I believe that most of the insight obtained 

in this study can be extended to other rutile compounds. Thus, functional rutile materials 

such as TiO2, VO2, and MnO2 might be fabricated with improved properties by using the 

unique growth design found in this study: c-axis oriented growth of main layers on a-axis 

matched polycrystalline seed layers of solid solutions. Z. Hiroi [141] pointed out that 
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flexibility of the rutile structure leads to a wide range of lattice parameters and thus large 

lattice mismatch of the rutile compounds. This means perfectly matched a-axis together 

with largely mismatched c-axis might be realized in other systems than SnO2 on (Ti,Nb)O2. 

In addition, most rutile compounds probably share other requirements for this technique: 

highly energetically unstable (001) and high growth speed with reactive {111}. That is 

because these properties are mainly determined by the crystal structure. I hope this 

technique will eventually open up the avenue towards improved functional films with 

oriented growth on amorphous substrates. 
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Appendix A: Scatterings in Carrier Transport of 

Transparent Conductive Oxides 

In this appendix, scatterings in the carrier transport of transparent conductive oxides 

(TCOs) and the corresponding formulae are briefly reviewed for the aid of semi-

quantitative understanding of the transport properties of SnO2 thin films.  

 

Introduction 

Many efforts have been dedicated to formulate various scatterings in the carrier 

transport of elemental semiconductors, as well as compound semiconductors. These 

scattering include phonon, ionized impurity, neutral impurity, grain boundary, dislocation, 

and alloy scattering. The obtained insights have been used to analyze the transport 

properties of TCOs [1, 2] although alloy scattering has been usually ignored. Fortunately, 

phonon and ionized impurity scatterings, which are unavoidable, can be reliably estimated 

although other scatterings are rather poorly understood at present. As shown in Fig. 8.5, 

high quality SnO2 films exhibited extremely high Hall mobility (H) consistent with the 

upper limit owing to phonon and ionized impurity scatterings. In contrast, it is highly 

challenging to quantitatively identify scatterings in films with low H. 
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Phonon Scattering 

Three modes of phonon scatterings are known: Polar optical phonon (POP), 

acoustic deformation potential (ADP), and acoustic piezoelectric scatterings. Owing to its 

centrosymmetric crystal structure, acoustic piezoelectric scattering is absent from the 

carrier transport of SnO2. H limited by POP (POP) is written as 

 

୔୓୔ߤ ∝ ሾexp ቀħனబ

௞ా்
ቁ െ 1ሿ	, 

 

where ħ is the reduced Planck constant, 0 is the phonon frequency, kB is the Boltzmann 

constant, and T is temperature. On the other hand, H limited by ADP (ADP) is written as 

 

୅ୈ୔ߤ ∝ ܶି
య
మ. 

 

Clearly, these formulae indicate that phonon limited H (PH) show a negative coefficient in 

H-T curves, which was clearly observed for the bulk single crystals of SnO2 (Fig. 1.9). In 

addition, the result showed that POP scattering was dominant near room T, whereas the 

contribution of ADP scattering was significant at low T. It should be noted that only a few 

studies on thin films of SnO2 reported negative coefficients in the H-T curves (Fig. 

1.15(d)). Because PH is independent of carrier density (ne), a simple method for 
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considering H by taking PH into account is to use literature values of bulk single crystals 

as the upper limit of PH. 

 

Ionized Impurity Scattering 

It is widely accepted that ionized impurity scattering (IIS) dominates carrier 

transport in heavily doped TCOs [1, 2] because dopants with the concentrations on the 

order of  1020 cm-3 act as ionized impurity. For example, Ta5+ substituted at Sn4+ sites acts 

as singly charged ionized impurities. The so-called Brooks-Herring-Dingle (BHD) formula 

[2, 3] is generally used to calculate IIS limited H (IIS), which is written as 

 

ୗ୍୍ߤ 	ൌ 	
ଷሺ߳଴߳௥ሻଶ԰ଷ݊ୣߨ24
݁ଷ݉∗ଶ୍ܨ ୍ܼଶ୍݊

, 

 

where 0 is the permittivity of free space, r is the relative static dielectric constant, ħ is the 

reduced Planck constant, e is the elementary charge, and m* is the effective electron mass. Z 

and nI are the charge and the density of ionized impurity, respectively. The screening 

function, FII, is given by  

 

FII = ln(1 + 4 / )  −  1 + / 4−

 

with 
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Fig. A.1. Comparison of calculated IIS along the a-axis (IIS
a) and c-axis (IIS

c) with PH derived from the data of single 

crystals. 

 

Fig. A.2. Simulated GB based on Seto and Bruneaux models with barrier heights from 1–500 K. 

 

Fig. A.3. Temperature dependence of H and ne (inset) for polycrystalline SnO2 (solid lines) and Sn0.95Ta0.05O2 (broken 

lines) films on glass. 
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ξ	 ൌ 	
݁ଶ݉∗

ହሻଵ/ଷ݊ୣଵ/ଷߨ଴߳௥԰ଶሺ3߳ߨ
.	

 

From the formula, it is clear that IIS is independent of T. Here, it should be stressed that m* 

increases as ne increases due to nonparabolicity (which is difficult to estimate) of the 

conduction band. Fortunately, a recent ellipsometry study [4] on Sb-doped SnO2 provides 

us with an experimentally determined m* as a function of ne. Figure A.1 shows calculated 

IIS for SnO2 in which nI = ne is assumed and r is taken from [5]. It is clear that at  

ne > 1  1020 cm-3, IIS is dominant whereas at ne < 1  1020 cm-3 IIS is much higher than 

other scattering such as PH. 

It should be stressed that IIS in a nondegenerate regime shows different behavior 

from those in a degenerate region owing to the change of distribution of carriers from 

Fermi–Dirac to Maxwell–Boltzmann. For example, IIS in the nondegenerate region is 

written as 

 

ୗ୍୍ߤ
௡௢௡ௗ௘௚ ∝ 	ܶ

య
మ. 

 

This behavior has been frequently observed for compound semiconductors such as GaAs 

and GaN, and was indeed observed for bulk single crystals of dilutely Sb-doped SnO2 (Fig. 

1.9). 
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Neutral Impurity Scattering 

Phonon scattering and IIS are related to host materials and carrier doping, 

respectively. In other words, these scatterings determine the upper limit of H. Thus, 

achieving high H is nothing but reducing other scatterings, which are absent from ideal 

TCOs. Neutral impurity scattering (NIS) [6, 7] is such a typical reducible scattering, which 

is written as 

 

୒୍ୗߤ  	ൌ 	
௠∗௘య

஺ఢబఢೝ԰య௡ొ
, 

 

where A is the cross section enhancement factor and nN is the density of neutral impurity. 

Typical neutral impurities are inactive dopants and unintentional impurities such as 

interstitial neutral H. Apparently, NIS contains large uncertainty due to the difficulty 

associated with precisely determining nN and the ambiguity associated with the evaluation 

of A. Thus, quantitative analysis on TCOs films with low doping efficiency is highly 

challenging.  
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Grain Boundary Scattering 

As reviewed in chapter 1, carrier transport of TCOs in low ne regime is dominated 

by grain boundary scattering, which was modeled and formulated by Seto [8]. In the model, 

H limited by grain boundary (GB) is written as 

 

ୋ୆ߤ
ୗୣ୲୭ ∝ ܶି

భ
మ expቀെ థ

௞ా்
ቁ, 

 

where  is the barrier height. Because the Seto model originally treated transport properties 

in the nondegenerate regime, Bruneaux et al. [9] formulated GB in a degenerate regime as 

 

ୋ୆ߤ
୆୰୳୬ ∝ ܶିଵ expቀെ థ

௞ా்
ቁ. 

 

Figure A.2 shows simulated H-T curves using Seto and Bruneaux models. It should 

be noted that such ideal thermal activation behaviors have seldom been observed in 

experiments. Figure A.3 shows typical H-T curves for SnO2 and Sn0.95Ta0.05O2 films on 

glass. Detailed information is given in chapter 3. As discussed in the main text, the 

dominant role of grain boundary scattering in both films was evidenced by lower H than 

both optical mobility and H for epitaxial films. Nevertheless, the thermal activation 

behavior, which is clear evidence for grain boundary limited carrier transport, was not 

observed for the Sn0.95Ta0.05O2 film. In addition, the decrease in H for the SnO2 film with 
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decreasing T was rather gradual, which is inconsistent with the steep decrease in the 

simulated curves. 

One possible way to resolve this inconsistency is to include other mechanisms as 

parallel circuits in the grain boundary scattering. Reflection [10] and tunneling [11] at the 

grain boundary have been considered thus far. However, no studies have presented a 

comprehensive and quantitative analysis on the grain boundary scattering of TCOs thus far.  

 

Dislocation Scattering 

In general, dislocation scattering has been ignored in TCOs studies. However, 

epitaxial growth is the key to enhance H in this study, and therefore I assessed the 

importance of dislocation scattering. Dislocations are treated as charged line defects and 

thus show a behavior similar to that of ionized impurity. H limited by dislocation 

scattering (DS) in the nondegenerate regime [12] is written as 

 

஽ௌߤ
௡௢௡ௗ௘௚ ∝ 	݊௘

భ
మ and ߤ஽ௌ

௡௢௡ௗ௘௚ ∝ 	ܶ
య
మ. 

 

A study on undoped SnO2 epitaxial films reported H ∝ ne
1/2 relation [13]. 

In contrast, dislocation scattering in the degenerate region has been poorly studied. 

However, some studies [14, 15] insisted that dislocation scattering in the degenerate regime 
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is independent of T and is rapidly screened by ne like IIS. DS in the nondegenerate regime 

is written as 

 

஽ௌߤ
ி௘௥௠௜	௚௔௦	 ∝ 	 ݊௘

ళ
ల. 

 

It is noteworthy to point out the similarity of this formula to the BHD formula (IIS ∝ ne), 

and the drastic increase in the exponent from 1/2 to 7/6 owing to enhanced screening in the 

degenerate regime. Such drastic change in H is not observed for doped epitaxial SnO2 thin 

films (Fig. 3.3) at least around ne = 1  1020 cm-3. Therefore, dislocation scattering is 

supposed to be well screened and thus insignificant in this study. 

 

Concluding Remarks 

Quantitative analysis of transport properties of TCOs is extremely challenging due 

to rather unreliable understandings of some scatterings, and thus beyond the scope of this 

study. Nevertheless, it is useful to calculate the upper limit of H determined by phonon and 

IIS, which can be reliably estimated, in order determine the potential to improve H.  
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Appendix B: Enhanced Carrier Generation in Nb-

Doped SnO2 Thin Films Grown on Strain-Inducing 

Substrates1 

I report the effect of lattice strain from the substrate on carrier generation in Nb-

doped SnO2 (NTO) transparent conductive oxide (TCO) thin films. The carrier activation 

efficiency of Nb was strongly affected by in-plane tensile strain, and the NTO films grown 

on c-Al2O3 and anatase TiO2 seed layers had carrier density (ne) as high as 3 × 1020 cm-3.  

In contrast, strain-free NTO films grown on glass exhibited much smaller ne due to the 

formation of deep impurity levels. These results imply that NTO has potential as a practical 

TCO in the presence of substrate-film epitaxial interaction. 

Introduction 

Doped SnO2 thin films have been increasing the sustainability of society as a key 

component in energy-saving or energy conversion technologies, such as coatings for 

energy-efficient windows and transparent conducting oxide (TCO) electrodes for 

photovoltaic cells (PVCs). Effective dopants for SnO2 and practical film fabrication 

processes suitable for individual dopants have been extensively explored from both 

fundamental and practical viewpoints. Highly conductive F-doped SnO2 (FTO) thin films 

with resistivity () as low as 3 × 10-4 cm were fabricated by chemical vapor deposition 

                                                   
1 A version of this chapter has been published in Appl. Phys. Express 5, 061201 (2012). 
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(CVD) [1], whereas FTO films deposited by physical vapor deposition (PVD) exhibited 

relatively high  values of ≥5 × 10-4 cm [2]. Ta-doped SnO2 (TTO) thin films with  =  

3 × 10-4 cm were fabricated by both CVD [3] and PVD [4,5,6]. Although TTO shows 

good conductivity and insensitivity to the deposition technique, the use of a scarce element, 

Ta, is a significant drawback that limits the application of TTO.  

Nb is a sister element to Ta, sharing many of its physical and chemical properties, 

and is therefore expected to be an effective dopant for SnO2. Indeed, a first-principles 

calculation predicted that Nb doping, as well as Ta doping, can generate carriers with high 

density (ne) [7]. Contrary to the theoretical prediction, the ne values attained in Nb-doped 

SnO2 (NTO) thin films were less than 6 × 1019 cm-3, resulting in relatively higher  on the 

order of 10-3 cm [8,9,10,11]. This is in sharp contrast to the highly effective carrier 

generation by Ta doping [4,6]. Such low ne in NTO can be explained by the formation of 

native donors, such as oxygen vacancies [8]. Therefore, whether Nb serves as a good 

dopant for SnO2 is still an open question.  

In this study, I compared the transport properties of NTO films deposited on various 

substrates, including bare glass and single-crystalline Al2O3, to examine the effect of lattice 

strain on carrier generation. As a result, I found that a high ne value of 3 × 1020 cm-3 can be 

generated by introducing in-plane tensile strain from the substrate. 1 at% Nb-doped SnO2 

films on single-crystalline Al2O3 revealed a high activation efficiency of 65%, comparable 

to that of F-doped SnO2, demonstrating that Nb can serve as an effective dopant for SnO2 in 

the presence of lattice strain. 
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Experimental 

Sn1-xNbxO2 (x = 0–0.05) thin films were deposited by PLD using a KrF excimer 

laser with a repetition rate of 2 Hz and a fluence of 1–2 Jcm-2. The oxygen partial pressure 

(PO2) and substrate temperature were set to 5  10-3 Torr and 600 °C, respectively. The 

deposition rate was ~0.02 nm per pulse. The thickness of the NTO films was 130  20 nm 

unless otherwise stated. Bare alkaline-free glass (Corning, 1737), c-plane sapphire Al2O3 

(0001), and glass coated with 10-nm-thick anatase TiO2 and 30-nm-thick ZnO seed layers 

were used as substrates. The procedure for preparing an anatase TiO2 seed layer has been 

described in detail elsewhere [9]. A ZnO seed layer [15] was deposited by PLD on an 

unheated glass substrate at a PO2 of 1  10-6 Torr. Crystal structures were characterized by 

X-ray diffraction (XRD). Transport properties, including resistivity (), ne, and Hall 

mobility (), were measured using a standard six-probe method.  

Results and Discussion 

Figure B.1 compares XRD patterns of NTO (x = 0.01) thin films deposited on 

various substrates. Hereafter, NTO films grown on bare glass, Al2O3 (0001), the TiO2 seed 

layer, and the ZnO seed layer are referred to as NTO/glass, NTO/ALO, NTO/TiO2, and 

NTO/ZnO, respectively. As seen from Fig. B.1, NTO/glass is a randomly oriented 

polycrystalline film, while NTO/ALO has the form of an epitaxial thin film with (100) 

orientation [3,5]. Both NTO/TiO2 and NTO/ZnO are (100)-oriented polycrystalline films 

with random in-plane orientation [6,12].  
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Table B.I. Structure, lattice parameters, and carrier density, ne, of the NTO (x = 0.01) films. 

Sample Crystal 
Lattice parameters 

ne (cm-3) 
a (nm) a// (nm) c// (nm) a//  c//

JCPDS 

41-1445 
Bulk 0.4738 0.3187 0.1510 - 

NTO/ALO (100) epi 0.4667 (0.452) (0.339) (0.153) 1.8 × 1020 

NTO/glass random poly 0.4730 0.3181 0.1504 5.3 × 1019 

NTO/TiO2 (100) poly 0.4687 0.4797 0.3176 0.1523 1.9 × 1020 

NTO/ZnO (100) poly 
0.4708 0.4716 0. 3193 

0.1505 8.2 × 1019 

(100) epi: (100)-oriented epitaxial film; random poly: randomly oriented polycrystalline film; (100) poly: (100)-oriented 

polycrystalline film 

 

Fig. B.1. (a) XRD patterns obtained at  = 90 ° and (b) their magnification near the (200) diffraction of NTO/ALO, 

NTO/glass, NTO/ZnO, and NTO/TiO2 (x = 0.01) films. The bar chart shows the XRD pattern of bulk SnO2 (JCPDS 

41-1445). XRD patterns obtained at various  of (c) NTO/ZnO, NTO/TiO2, and (d) NTO/ALO films. The dashed 

lines denote the position of the bulk diffraction. (Copyright (2012) The Japan Society of Applied Physics) 
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Fig. B.2. Film thickness dependences of (a) c-axis and (b) a-axis lengths and (c) carrier density (ne) of NTO/ALO, 

NTO/glass, and NTO/TiO2 (x = 0.01) films. The dashed lines denote the lattice parameters for bulk SnO2. 

(Copyright (2012) The Japan Society of Applied Physics) 
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As shown in Fig. B.1(b), the d-spacing of (200) of NTO/ALO and NTO/TiO2, 

corresponding to the out-of-plane a, is much smaller than that of bulk SnO2 (JCPDS 41-

1445), due to the large in-plane lattice mismatch. In contrast, no peak shift was observed 

for NTO/glass, implying the absence of strain from the amorphous substrate. 

The in-plane lattice parameters were determined by the XRD measurements at 

various  as shown in Fig. B.1(c) and B.1(d). The out-of-plane a (a), in-plane a (a//), c//, 

and a//  c// lattice parameters of these films together with ne are summarized in Table B.I. 

NTO/TiO2 has a larger a//  c// than NTO/glass and bulk SnO2, indicating that NTO/TiO2 

grows under tensile strain from the substrate. Unfortunately, I could not determine the in-

plane lattice parameters of NTO/ALO precisely because the in-plane diffraction peaks are 

substantially broadened, possibly due to the small grain sizes [3]. However, it is reasonable 

to assume that NTO/ALO, as well as NTO/TiO2, is subjected to in-plane tensile strain, 

considering the reduced a. Meanwhile, the in-plane tensile strain in NTO/ZnO is less than 

that in NTO/TiO2.  

Next, I discuss the transport properties of the NTO films. As seen from Table B. I, 

NTO/glass and NTO/ZnO have relatively low ne below 1 × 1020 cm-3, whereas NTO/ALO 

and NTO/TiO2 exhibit much higher ne of ~2 × 1020 cm-3. The enhanced ne in NTO/ALO 

and NTO/TiO2 results in a significant reduction of  which will be discussed later in more 

detail. The marked difference in ne between NTO/(glass or ZnO) and NTO/(ALO or TiO2) 

appears to be related to the tensile strains from the substrates. To confirm this, I 

investigated the film thickness (t) dependences of lattice parameters and ne, as shown in Fig. 

B.2. The lattice parameters of NTO/glass are close to those for bulk SnO2, and ne is  
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~5 × 1019 cm-3 in the entire range of t, indicating the absence of epitaxial lattice strain. The 

a values of NTO/ALO are also independent of t but are clearly smaller than those of 

NTO/glass. This implies that the epitaxial strain is not relaxed, at least up to t = 500 nm. 

Although ne for NTO/ALO is a slightly decreasing function of t, it is in the range of  

1.8–2.0 × 1020 cm-3. In sharp contrast, NTO/TiO2 exhibits a significant increase in a and 

decrease in a// with increasing t toward the values for NTO/glass. This behavior indicates 

that in NTO/TiO2, the strain induced by the 10-nm-thick TiO2 seed layer is relaxed at larger 

t. Notably, ne for NTO/TiO2 is rapidly decreased at t > 200 nm in synchrony with the 

relaxation. These results prove that lattice strain assists carrier generation in NTO.  

Figures B.3(a)–B.3(c) plot the transport properties of NTO/glass, NTO/ALO, and 

NTO/TiO2 at room temperature (RT) as a function of Nb concentration, x. For NTO/glass, 

 is on the order of 10-3 cm, similar to the values in previous reports [8,9,10,11]. On the 

other hand, a much lower  of < 1 × 10-3 cm was obtained for NTO/ALO and NTO/TiO2. 

In particular, NTO/TiO2 (x = 0.01–0.02) exhibits the lowest  value of ~5  10-4 cm, 

which is comparable to those for FTO [2] and Sb-doped SnO2 films [13] grown by PLD. 

Such a low  on the order of 10-4 cm for NTO/ALO and NTO/TiO2 is attributable to a 

substantial increase in ne, as shown in Fig. B.3(b). For NTO/glass, the ne – x curve is bell-

shaped with a maximum of ~5 × 1019 cm-3 at x = 0.015, as reported for sputter-deposited 

films [8]. Meanwhile, ne for NTO/ALO and NTO/TiO2 increases with increasing x up to  

3  1020 cm-3. The activation efficiency in the lightly doped region (x ≤ 0.01) is higher than 

65%, which is comparable to that of FTO of ~80% [14]. These results demonstrate that Nb 

is an effective dopant for SnO2. 
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Fig. B.3. (a) Resistivity, , (b) ne, and (c) Hall mobility, , of NTO/glass (circles), NTO/TiO2 (squares), and 

NTO/ALO (triangles) films as a function of Nb content, x, in Sn1-xNbxO2. The dashed line represents the carrier 

density calculated assuming that the activation efficiency is 100%, i.e., each Nb5+ ion substituted for a Sn4+ site 

generates one conduction electron. (Copyright (2012) The Japan Society of Applied Physics) 
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Finally, I discuss the origin of the low ne in NTO/glass. Figure B.4(a) shows the 

temperature (T) dependence of ne measured for NTO/glass and NTO/TiO2. The ne(T) 

curves exhibit characteristic features that depend on the substrate: NTO/TiO2 is 

characterized by an almost T-independent ne(T), indicative of a degenerate semiconductor, 

whereas ne(T) for NTO/glass shows thermal-activation-type behavior. I analyzed ne(T) for 

NTO/glass by fitting the following empirical formula, taking donor levels 1 and 2 into 

account: 

ne(T) = n0 + n1exp[ -E1/(kBT)] + n2exp[ -E2/(kBT)],                                                              

where n0 corresponds to the degenerate carrier density, n1 and n2 are the donor densities, E1 

and E2 (E1 < E2) are the activation energies, and kB is the Boltzmann constant. The obtained 

donor density and energy parameters, together with ne at RT for NTO/TiO2, are plotted 

against x in Figs. B.4(b) and B.4(c). Remarkably, n2 coincides very well with ne for 

NTO/TiO2 and is almost proportional to x. This implies that carriers are supplied by an 

impurity level located at E2 ~ 50 meV below the bottom of the conduction band.  Moreover, 

such a high donor density of up to ~2 × 1020 cm-3 is hardly achievable by native donors. 

Indeed, the concentration of unintentional dopants (e.g., oxygen vacancies and cation 

impurities such as Sb) is estimated to be less than 1 × 1019 cm-3 from the ne(T) curve of the 

undoped SnO2/glass film. Therefore, I concluded that the high values of n2 originate from 

doped Nb. E2 is almost independent of x and much higher than kBT at RT, resulting in the 

severe reduction of ne(RT) for NTO/glass compared with ne for NTO/TiO2. At present, the 

physics behind the dramatic effect of in-plane tensile strain on the carrier generation of 

NTO remains unclear. One speculation is that under in-plane tensile strain, Nb atoms are 

incorporated into lattice sites that are favorable for releasing electrons. Further 
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experimental and theoretical studies are required to elucidate the detailed carrier generation 

mechanism in NTO. Stimulated by this work, Behtash et al. [19] reported localized 

impurity state in NTO by using the first principles calculation. However, the role of strain 

still remains unexplained. 

Summary 

I have studied the effect of lattice strain on the carrier generation in NTO thin films. 

The NTO films subjected to tensile lattice strain from substrates, i.e., NTO/ALO and 

NTO/TiO2 films, were found to exhibit ne as high as 3 × 1020 cm-3, indicating that Nb can 

be an effective dopant for SnO2. On the other hand, NTO/glass films had a reduced ne of  

5 × 1019 cm-3 due to the formation of a 50-meV-deep Nb donor level. These results 

demonstrate that the activation of dopants in SnO2 is controllable by adjusting the 

substrate-induced lattice strain. 
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Appendix C: Carrier Generation Mechanism and 

Effect of Ta-Doping in Transparent Conductive 

Amorphous SnO2 Thin Films1
 

I investigated the transport properties of amorphous undoped and Ta-doped SnO2 

thin films grown on unheated glass substrates by pulsed laser deposition. Optimized films 

exhibited a resistivity of 2 × 10-3 cm, carrier density (ne) of (1-2) × 1020 cm-3, and were 

highly transparent in the visible region. Ta-doping had little effect on ne in amorphous 

films, in contrast to in crystalline phases. These results suggest that carrier electrons in 

amorphous SnO2 films originated from oxygen vacancies, similar to in In2O3-based 

amorphous films. 

Introduction 

Degenerately doped wide-bandgap oxide semiconductors, or transparent conducting 

oxides (TCOs), have received much recent attention. They have applications as transparent 

electrodes in optoelectronic devices including solar cells, flat panel displays and light 

emitting diodes [1,2]. Amorphous TCOs deposited on unheated substrates have a low 

process cost, excellent surface flatness, favorable etching properties and compatibility with 

plastic substrates [3]. Amorphous In2O3-based thin films are TCOs that exhibit high 

                                                   
1 A version of this chapter has been published in Jpn. J. Appl. Phys. 53, 05FX04 (2014). 
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conductivity and transparency, comparable to that of crystalline counterparts, and have 

been widely studied [3,4,5,6,7]. Carriers in amorphous In2O3-based films have been shown 

to release from oxygen vacancies, while substitutional cation-doping provides carriers in 

crystalline In2O3 films [4,5,6,7]. This is in contrast to carrier-generation in amorphous Si, 

where cation-substitution remains an effective way of introducing carriers [8]. This 

difference is because of the covalency/ionicity of the chemical bonds in these materials [6]. 

Bonds in oxides are more ionic, and are thus sufficiently flexible to allow slight changes in 

the coordination structure. This reduces the efficiency of carrier generation associated with 

cation substitution [6]. Carrier electrons have been shown to originate from oxygen 

vacancies in amorphous In2O3 [4,9]. 

Herein, I focus on SnO2-based amorphous TCOs. These have several practical 

advantages over In2O3-based TCOs, including higher chemical stability, lower material cost 

and lower toxicity. SnO2 thin films on unheated substrates have been reported by 

deposition from sputtering [10,11,12,13,14,15], reactive vacuum evaporation (RVE) [16] 

and filtered vacuum arc deposition (FVAD) [17] as summarized in Table I. Crystallization 

in sputtered SnO2 films is frequently observed, even on unheated substrates [11,12,15]. 

This suggests the impact of high-energy particles, such as recoiled Ar and accelerated O 

ions, triggers crystallization, or that substrate temperature is unintentionally raised by up to 

several tens of °C during deposition [18,19]. Kim et al. recently reported sputtered undoped 

SnO2 thin films exhibiting resistivity () as low as 3 × 10-3 cm, even in an as-deposited 

amorphous state, using reduced RF power [13]. In such highly conducting amorphous 

undoped SnO2 films, carrier electrons are supplied by O vacancies [13,17], whereas the 
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carrier doping efficiency through cation substitution in amorphous SnO2 remains unclear. 

Kaplan et al. fabricated amorphous undoped and Sb-substituted SnO2 thin films using 

FVAD, and found that conductivity was insensitive to Sb-substitution [17]. However, the 

relationship between carriers and Sb substitution was not conclusively demonstrated, 

because the possibility of Sb evaporating during deposition could not be excluded [17]. 

In this study, carrier generation in amorphous SnO2 is investigated, by substituting 

cation sites with nonvolatile Ta. This can generate carriers in crystalline SnO2 films 

[20,21,22]. Pulsed laser deposition (PLD) is employed to fabricate amorphous films. The 

deposition flux energy is similar to that in sputtering [23], but PLD does not involve 

bombardment of high energy particles. The unintentional heating of substrates is much less 

than in sputtering (discussed later). These features favor the growth of amorphous SnO2 

films, and conducting amorphous Ta-doped SnO2 thin films with  of 2 × 10-3 cm were 

obtained. Carrier concentration was relatively insensitive to Ta content, indicating that the 

carrier generation mechanism in amorphous SnO2 is similar to that in amorphous In2O3. 

Experimental 

Sn1-xTaxO2 (TTO) thin films with x = 0-0.03 were deposited by PLD on alkaline-free 

glass and fused silica substrates, without intentional heating. The substrate temperature 

during deposition was confirmed to be < 50 °C, using a nonreversible temperature indicator 

(Nichiyu Giken Kogyo, Thermo Label). Sintered pellets of Sn1-xTaxO2 were used as PLD 

targets. The O partial pressure during deposition (PO2) was 5 10-3-1 10-1 Torr. A KrF 

excimer laser with repetition rate of 2 Hz and laser fluence of 1-2 J/cm2 was used for 
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ablation. The typical film thickness was 100-160 nm. Crystal structures were evaluated by 

X-ray diffraction (XRD), using a four-axis diffractometer and two-dimensional area 

detector. Surface morphologies were characterized by atomic force microscopy (AFM). 

Transport properties including , carrier density (ne) and Hall mobility () were measured 

at room temperature, using the six probe method with standard Hall bar geometry. Films 

grown on fused silica substrates were used for optical measurements. Transmittance (T) and 

reflectance (R) spectra were measured over the 220–2200 nm region, using a UV-visible-

near-infrared spectrophotometer. Absorption (A) spectra were calculated as A = 1 − T − R. 

Absorption coefficients () were calculated as  = 1/d  ln[(1 − R)/T], where d is the film 

thickness [24,25]. 

Results and Discussion 

The structural properties of TTO films were first investigated. Figure C.1(a) shows 

typical XRD patterns of Sn0.99Ta0.01O2 films deposited at various PO2. No diffraction peaks 

were observed, indicating amorphous growth. Diffraction peaks were absent from the XRD 

patterns of all the films fabricated in this study. Figures C.1(b) and C.1(c) show AFM 

images of amorphous Sn0.99Ta0.01O2 films, deposited at O poor (PO2 = 5 × 10-3 Torr) and 

optimal O (PO2 = 2.5 × 10-2 Torr) conditions. Both images show extremely flat surfaces, 

characteristic of amorphous films. Root mean square roughness (Rrms) values were  

2.6 × 10-1 and 3.7 × 10-1 nm, for Figs. C.1(b) and C.1(c), respectively.  
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Table C. I. Structures and transport properties of SnO2 thin films deposited on unheated substrates by various techniques. 

Deposition 

technique 
Doping Structure 

Resistivity 

(cm) 

Carrier density 

(cm-3) 
Reference 

RFMS Undoped N.A. 3.2 × 10-3 1.2 × 1020 10 

RFMS Undoped Polycrystalline 1.9 × 10-3 1.6 × 1020 11 

RFMS Undoped Polycrystalline 3 × 10-3 1 × 1020 12 

RFMS Undoped Amorphous 3 × 10-3 1 × 1020 13 

DCMS Ta-doped N.A. 3 × 10-2 3 × 1019 14 

DCRMS Ta-doped 
Polycrystalline or 

amorphous 
1 × 10-2 1 × 1020 15 

RVE Undoped Amorphous N.A. N.A. 16 

FVAD Sb-doped Amorphous 1 × 10-3 N.A. 17 

PLD Ta-doped Amorphous 2 × 10-3 1-2 × 1020 This work 

RFMS: RF magnetron sputtering, DCMS: DC magnetron sputtering, DCRMS: DC reactive magnetron sputtering, N.A.: 

not available 
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Fig. C.1. (a) XRD patterns of Sn0.99Ta0.01O2 films on unheated glass substrates. The bar chart shows the XRD 

pattern of bulk SnO2 (JCPDS 41-1445). AFM images of Sn0.99Ta0.01O2 films deposited at (b) 5 × 10-3 and (c) 2.5 × 

10-2 Torr. (Copyright (2014) The Japan Society of Applied Physics) 

 

Fig. C.2. (a) , (b) ne, and (c)  of amorphous Sn0.99Ta0.01O2 films. Solid curves are guides to illustrate trends. The 

inset in (a) shows a photographic image of typical films deposited in O poor and optimal O conditions. (Copyright 

(2014) The Japan Society of Applied Physics) 
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Slight increases in Rrms with increasing PO2 may have resulted from an enhanced shadowing 

effect, i.e. the scattering of deposition flux by the process gas [26]. 

The transport properties of amorphous Sn0.99Ta0.01O2 films were then investigated. 

As shown in Fig. C.2(a), films deposited in O poor conditions exhibited high  values. The 

insulating films were of a yellowish color, as seen from the photographic image inset in Fig. 

C.2(a). Similar yellow coloration and low conductivity have been widely reported for SnO2 

films deposited in O poor conditions by physical vapor deposition, including sputtering 

[10], RVE [16], FVAD [17] and pulsed plasma deposition [27]. This behavior is explained 

by the local formation of p-type SnO in O poor atmospheres [28]. With increasing PO2, 

films become transparent and conductive with n-type carriers. The lowest  of  

1.9 × 10-3 cm (ne = 1.2 × 1020 cm-3,  = 27 cm2V-1s-1) was achieved at PO2 = 3 × 10-2 Torr, 

whereas ne reached a maximum of 1.7 × 1020 cm-3 at slightly O poor conditions of PO2 =  

2.5 × 10-2 Torr. These transport properties are in good agreement with those previously 

reported in sputtering [13] and FVAD [17] studies. The highest  of 27 cm2V-1s-1 is 

comparable to that of polycrystalline films on glass substrates deposited by PLD at 600 °C 

(32 cm2V-1s-1) [22]. This demonstrates the potential of amorphous SnO2 as TCOs. 

To gain insight into carrier generation in amorphous TTO films, the effect of Ta-

doping on ne was investigated. Figure C.3 shows ne of amorphous Sn1-xTaxO2 films 

deposited at PO2 = 2.5 × 10-2 Torr plotted as a function of x. The figure includes the ne vs x 

relationship of polycrystalline films for comparison [22]. ne values of amorphous films 

were almost independent of x. ne values of polycrystalline films systematically increased 

with increasing x, demonstrating the effective carrier generation by Ta-doping.  
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Fig. C.3. Ta concentration (x) dependence of ne in amorphous (circles) and polycrystalline (squares) Sn1-xTaxO2 

films. Data for polycrystalline films are from ref. 22. The inset shows x dependence of .  (Copyright (2014) The 

Japan Society of Applied Physics) 
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Fig. C.4. (a) T and A spectra of an amorphous SnO2 film. (b) (h)1/2 as a function of photon energy for the 
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This strongly suggests that carrier electrons in amorphous SnO2 films originate from O 

vacancies, similar to in In2O3-based amorphous TCOs. As shown in the inset of Fig. C.3,  

gradually increased with the increase of x due to enhanced impurity scattering. Similar  

behavior has been observed in Sb-doped SnO2 [17], suggesting that cation doping cannot 

provide free carriers in amorphous SnO2. The maximum ne value in amorphous SnO2 films 

(~2 × 1020 cm-3) is somewhat lower than those in In2O3-based amorphous TCOs (~6 × 1020 

cm-3) [7]. Excess O vacancies formed in the O poor conditions are speculated to have 

caused a coordination transformation from SnO2-like octahedral to SnO-like square-

pyramidal. The SnO-like local structure may generate p-type carriers, which annul n-type 

carriers of SnO2, resulting in the limited ne.  

The optical properties of highly conductive amorphous SnO2 were finally 

investigated. Figure C.4(a) shows T and A spectra of an amorphous undoped SnO2 thin film 

( = 1.9 × 10-3 cm, ne = 2.2 × 1020 cm-3), deposited at PO2 = 3 × 10-2 Torr. The film was 

characterized by in-gap absorption in the visible region, and free carrier absorption in near 

infrared region. The film exhibited a high average T of 80% across the 400~800 nm region. 

Similar optical properties were confirmed for TTO films. To determine the optical bandgap 

of the amorphous SnO2 films, I adopted the (h)1/2 versus h plot, which has been widely 

used for amorphous TCOs [29]. As shown in Fig. C.4(b), the optical bandgap of the 

amorphous SnO2 film was determined as 2.7 eV, by extrapolating the linear section to 

(h)1/2 = 0. Atomically flat amorphous SnO2 films with such high transparency and 

conductivity are promising candidates for transparent electrodes in organic light emitting 

diodes. For this purpose, further improvement of conductivity is highly desirable. Post-
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deposition annealing below crystallization temperature may lead to increases of  and thus 

conductivity [13,17]. 

Summary 

TTO thin films were fabricated on unheated glass substrates by PLD, and their 

structural, transport and optical properties were investigated. TTO films were amorphous 

with very flat surfaces. Films deposited at low PO2 were yellow and insulating. With 

increasing PO2, films became transparent and conductive with n-type carriers. An optimized 

film exhibited  of 1.9 × 10-3 cm (ne = 1.2 × 1020 cm-3,  = 27 cm2V-1s-1). The highest 

observed  is comparable to that of polycrystalline films deposited at 600 °C, suggesting 

the potential of amorphous TTO as a TCO. Unlike in crystalline phases, Ta-doping had 

little effect on ne of the amorphous films. Therefore, electrons in amorphous TTO films 

originated from O vacancies, similar to in In2O3-based amorphous TCOs. The maximum ne 

of amorphous TTO films of ~2 × 1020 cm-3 is considerably lower than those of In2O3-based 

amorphous TCOs (~6 × 1020 cm-3). The amorphous SnO2 film with  of 2 × 10-3 cm 

exhibited an averaged T of 80% in the visible light region, and an optical gap of 2.7 eV. 
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Appendix D: Effects of Post-deposition 

Annealing on Transport Properties of Undoped 

and Ta-Doped SnO2 Thin Films: Insights into 

Intrinsic Defects and Sensing Properties 

I investigated the effect of post-deposition annealing on the transport properties of 

undoped and Ta-doped SnO2 thin films in order to obtain insights into intrinsic defects and 

sensing properties of SnO2 films. Undoped SnO2 films with carrier density (ne) of 

approximately 1019 cm-3 showed slight decrease in ne after annealing in air at 600 ºC. This 

result is consistent with negligibly slow oxygen diffusion in bulk SnO2 at this temperature. 

Ta-doped SnO2 films showed decrease in ne of 5 × 1019 cm-3 with annealing not only in air 

but also in vacuum. The insensitiveness to annealing atmosphere suggests that the decrease 

in ne is unassociated with oxygen vacancies. Reversible decrease in conductivity was 

observed in air above 400 ºC. Highly suppressed response was observed in epitaxial Ta-

doped SnO2 films, suggesting that the response was derived from reversible adsorption of 

molecules at grain boundary of the films. 

Introduction 

High values of carrier density (ne) for transparent conductive oxides (TCOs) are 

achieved by extrinsic doping; ideally, undoped host materials such as ZnO, TiO2, In2O3, 
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and SnO2 should be highly insulating. Nevertheless, nominally undoped films sometimes 

show high ne values [1,2] even on the order of 1021 cm-3 [3] due to unintentional dopants, or 

intrinsic defects. The source of such high ne in unintentionally doped films is still a matter 

of debate at present. Although some researchers put stress on possible carrier generation by 

impurity H [4,5] and interstitial cations, oxygen vacancies are generally regarded as the 

source of high ne in undoped films. In addition to the important role in undoped materials, 

oxygen non-stoichiometry plays a critical role even in extrinsically doped TCOs. For 

example, achieving high conductivity in TCOs frequently requires optimized introduction 

of process oxygen. Oxygen rich TCOs often show reduced doping efficiencies due to 

carrier compensation by excess oxygen. On the other hand, oxygen poor TCOs generally 

show reduced mobility (H) mainly due to inferior crystallinity. Moreover, doubly charged 

oxygen vacancies show half of H compared with singly charged extrinsic dopants for the 

same ne (see appendix A). The ne values for the oxygen poor TCOs are nonsystematic due 

to competition of ne from oxygen vacancies and reduced doping efficiency because of 

inferior crystallinity. 

Post-deposition annealing is another example that clearly demonstrates the 

importance of oxygen non-stoichiometry in extrinsically doped TCOs [6]. This method 

affects crystallinity less severely than process oxygen tuning [7] and is therefore suitable 

for studies on the intrinsic defects associated with oxygen non-stoichiometry. In addition to 

the motivation in basic science as mentioned above, post-deposition annealing on TCOs has 

been extensively studied for practical reasons. For example, high substrate temperature is 

usually unavailable for large scale sputtering. Instead of substrate heating during deposition, 
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post deposition annealing in air is frequently performed. Some applications such as dye-

sensitized photovoltaics require high temperature process in air without reducing 

conductivity of TCOs. It is well established that TiO2-based TCOs are very fragile to air-

annealing; complete carrier compensation by excess oxygen was observed for both 

epitaxial [8] and polycrystalline [6] films. ZnO-based TCOs as well shows loss of 

conductivity due to air-annealing [1,9,10]. In contrast, In2O3-based TCOs retained rather 

high ne values even after air-annealing probably because of limited incorporation of excess 

oxygen [11]. SnO2-based TCOs are so robust against air-annealing [12] that it was used as 

protective coating for high temperature use in air [13]. No studies, however, investigated 

post-deposition annealing effects on SnO2 in detail. 

In this appendix, I investigated the effect of post-deposition annealing on the 

transport properties of undoped and Ta-doped SnO2 (TTO) thin films in order to obtain 

insights into intrinsic defects of SnO2 films. 

 

Experimental 

Undoped SnO2 and TTO films used in chapter 3 and 5 were subjected to post 

deposition annealing in this study. A rapid thermal annealing furnace (Ulvac-Riko, MILA-

3000-pn) equipped with four electrical leads was used to measure resistivity () in-situ 

during annealing. Au wires annealed in air at 800 ºC were directly attached to the films 

using Ag paste (Dupont, 4922N). The furnace was evacuated to the base pressure of 10-2 Pa 
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by using a turbo molecular pump for annealing in vacuum. Ramping rate of the temperature 

was 3 ºC/min and annealing duration at the highest temperature of 600 ºC was 1 h. 

 

 

Fig. D.1. In-situ monitoring of resistivity () for undoped SnO2 and Sn0.98Ta0.02O2 films grown on glass substrates in air. 

The inset shows the transport properties of the films 
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Results and Discussion 

Figure D.1 shows  for undoped SnO2 and TTO films grown on glass substrates at 

elevated temperatures in air. Transport properties (ne and H) before and after annealing 

were summarized in the inset of Fig. D.1. Air-annealing resulted in increased  mainly due 

to decreased H, which is probably due to increased grain boundary scattering, in both 

undoped and doped films. The decrease in ne is, however, much smaller than those in other 

TCOs annealed at conditions similar to this study. This result indicates that carrier 

compensation due to excess oxygen and annihilation of oxygen vacancies are much 

insignificant in SnO2 compared with other TCOs, at least below 600 ºC in air. A 

gravimetric study on bulk SnO2 [14] revealed that oxygen non-stoichiometry below 900 ºC 

is caused by adsorbed oxygen whereas oxygen vacancies are formed above 1000 ºC. The 

report is consistent with the present study, in which possible oxygen vacancies were 

insensitive to air-annealing. The undoped SnO2 (99.9% purity) target used in the present 

study contained 0.01~0.02% Sb (3–6  1018 cm-3) in the starting powder. Because the 

impurity Sb might be the source of the ne (5  1018–2  1019 cm-3) in this study, I fabricated 

undoped films with a commercial SnO2 (99.99% purity) target for comparison. Major 

impurity of the target was not Sb but Pb. The films from the high purity target showed 

conductivity similar to the undoped films with the 99.9% pure target, suggesting that 

impurity Sb plays minor role in this study.  
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Fig. D.2. In-situ monitoring of  for Sn0.98Ta0.02O2 films grown on glass substrates in air and vacuum. The inset shows the 

transport properties of the films 

 

Fig. D.3. In-situ monitoring of  for Sn0.98Ta0.02O2 films grown on various substrates measured in air. Al2O3 (0001) single 

crystalline substrates and glass substrates coated with anatase TiO2 seed layer are denoted as Al2O3 and TiO2, respectively. 
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Interestingly, the TTO film showed much larger decrease in ne of 5  1019 cm-3 than 

that in undoped SnO2, 1.4  1018 cm-3 with air annealing. I believe that systematically 

increased ne values corresponding well to nominal concentrations of dopants such as Ta 

[15] and Sb [16] is a strong, yet indirect, evidence for the negligible contribution of the 

intrinsic defects in ne. However, possible increase of intrinsic defects in doped films, as 

observed in Ga-doped ZnO [6], might explain the largely decreased ne in the TTO films 

with air annealing. In order to obtain insight into the intrinsic defects, namely oxygen 

vacancies, in TTO, I measured  of the TTO films under vacuum, as shown in Fig. D.2. 

Surprisingly, the vacuum-annealed films showed decrease in ne similar to that in the air-

annealed films. The decrease in ne insensitive to the annealing ambient suggests that the 

change in ne of the annealed TTO films is unassociated with oxygen non-stoichiometry. At 

present, it is highly challenging to elucidate the mechanism behind the change in transport 

properties of the annealed films. 

Another interesting feature in Fig. D.1 is the marked and probably reversible 

increase in  above 400 ºC. This behavior may be related to the sensing ability of SnO2 

films [17] although the films in this study are not intended to apply sensors. It is widely 

believed that grain boundary and molecules reversibly adsorbed there play a critical role in 

the sensing properties. Therefore, I investigated air annealing effects on films with different 

structure of grain boundary: TTO films grown on anatase TiO2 seed layers and Al2O3 

(0001) single crystalline substrates. As shown in Fig. D.3, these epitaxial TTO films 

showed highly suppressed increase in  above 400 ºC. This means that high angle grain 

boundaries and reversibly adsorbed molecules there are crucial for the sensing ability.  
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From the practical viewpoint, durability against various ambient at high 

temperatures is important. As shown in Fig. D.3, the TTO films grown on the anatase TiO2 

seed layers showed much lower increase in  than the polycrystalline TTO films. The 

robust conductivity against annealing in air makes the TTO films on the seed layers 

promising for application that requires high temperature process in air. 

 

Summary 

I investigated the effect of post-deposition annealing on the transport properties of 

undoped SnO2 and TTO thin films on various substrates under reductive and oxidative 

annealing ambient. Polycrystalline undoped SnO2 films with ne of approximately  

5  1018 cm-3 showed slight decrease in ne after annealing in air at 600 ºC. This result is 

consistent with negligibly slow oxygen diffusion in bulk SnO2 at this temperature. 

Polycrystalline TTO films with high ne of 3.6 × 1020 cm-3 showed decrease in ne of 

approximately 5 × 1019 cm-3 with annealing not only in air but also in vacuum. The 

insensitiveness to annealing atmosphere suggests that the decrease in ne is unassociated 

with oxygen vacancies. Reversible decrease in conductivity was observed in air above  

400 ºC. The response was highly suppressed in epitaxial TTO films, suggesting that the 

response was derived from reversible adsorption of molecules at the grain boundary of the 

films. The highly robust conductivity against annealing in air for TTO films grown on 

anatase TiO2 seed layers makes them promising for application that requires high 

temperature process in air. 
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